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Sammendrag p˚a Norsk
3xxx aluminiumslegeringer har Mangan som hovedlegeringselement, og f˚ar
sin styrke fra plastisk bearbeidelse. 3xxx legeringer har tidligere blitt ansett
for a˚ oppn˚a neglisjerbare endringer i hardhet og styrke som følge av presip-
itering av dispersoider.
Denne masteroppgaven tar for seg hardhetsutvikling ved lave homogenis-
eringstemperaturer i fire 3xxx Al-Mn-Fe-Si legeringer som følge av presipi-
tering av dispersoider. Legeringene ble homogenisert ved forskjellige temper-
aturer og holdetider. Utvikling av antallstetthet, gjennomsnittlig ekvivalent
diameter og volumfraksjon av dispersoider er koblet til blant annet elektrisk
ledningsevne, hardhetsm˚alinger og strekktesting. Oppgaven belyser teo-
retiske utregninger av volumfraksjoner, i tillegg til eksperimentelle ma˚linger
av disse gjort ved hjelp av transmisjons- elektronmikroskopi (TEM).
Scanning elektronmikroskopi (SEM) og NanoSight partikkelanalyse har
blitt brukt for a˚ undersøke pulver ekstrahert fra aluminiumsmatrix. Den
gjennomsnittlige diameteren av dispersoidene ble sammenlignet med resul-
tater fra TEM-statistikk, disse ble ansett for a˚ være konsistente med hveran-
dre.
Identifisering av en konstituent partikkelfase og en silisiumfase ble utført
ved hjelp av diffraksjon, disse ble sammenlignet med faser som allerede var
kjente legeringen.
Det konkludert at økende volumfraksjon av dispersoider førte til en økn-
ing i styrke for alle legeringene. En homogen distribusjon av dispersoider
i fast løsning, der dispersoidene var relativt sma˚ med kort gjennomsnittlig
avstand mellom hver partikkel, ga størst effekt. Det ble klart etter flere un-
dersøkelser at en økning av Mn i fast løsning resulterte i en klart minkende
elektrisk ledningsevne, samtidig var legeringene med høyt Mn og Si innhold
de ledende i presipitering av dispersoider ved økende holdetid.

Abstract
Non-heat treatable wrought aluminium alloys obtain their strength from
solid solution- and work hardening. The hardening effect from the precipi-
tation of dispersoids in 3xxx alloys has earlier been assumed to be negligible.
The goal of this work has however been to study the hardening effect of dis-
persoids precipitated during low temperature annealing. The size, number
density and morphology of dispersoids in four selected AA3xxx aluminium
alloys with varying contents of Si and Mn have been studied quantitatively
after homogenization at various temperatures and holding times. Where
holding times refer to the time of homogenization after the desired homog-
enization temperature had been reached.
The microstructure is correlated with the strength in terms of micro
hardness. The strength of each alloy has been investigated by Vickers hard-
ness measurements and tensile testing. TEM, SEM and (P)EELS was used
in order to obtain the volume fraction of dispersoids at each homogenization
condition. The volume fraction of dispersoids has also been calculated based
on electrical conductivity measurements. An increase of Mn in solid solution
leads to a decrease in electrical conductivity, which was confirmed in this
work. As for phases present in the alloys, two phases have been identified
at one condition of the low Si alloy by diffraction.
It has through this work been revealed that the dispersoids have a pro-
nounced contribution to the strength of the alloys, and that the addition of
Mn and Si to solid solution enhances the precipitation of dispersoids. The
hardening effect of dispersoids increases with increasing Mn and Si content
in the alloys. The Orowan bowing mechanism has been connected to the
yield strength evolution for different annealing temperatures, and the dif-
ferent approaches to the problem have proven to be consistent with one
another.
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1 Introduction
1.1 Background and Motivation
Pure aluminum has low strength and this limits the commercial applica-
tions of the material. However, by adding alloying elements, such as mag-
nesium, copper, manganese, iron or silicon, desired material properties can
be obtained. The main objective in the design of aluminum alloys is to
increase strength, hardness, and resistance to wear, creep, stress relaxation
and fatigue. For 3xxx aluminium alloys, referred to as non-heat-treatable
alloys,the strengthening occurs from solid solution formation, second- phase
micro structural constituents, dispersoids and strain hardening.
In the current work, the precipitation behavior of dispersoids has been
studied with respect to composition, evolution, growth and coarsening. This
study has focussed on annealing at low- and intermediate temperatures, 350◦
to 450◦, and how the dispersoids influence mechanical properties.
During homogenization, a large amount of dispersoids precipitate from
the supersaturated solid solution (SSSS). α-Al(Mn, Fe)Si, with a prime cu-
bic structure, is the major type of dispersoids. For alloys containing low
content of silicon, an orthorhombic Al6(Fe, Mn) phase will precipitate at
high homogenization temperatures.
1.2 Approach
TEM and (P)EELS have been used in order to obtain values for the volume
fraction, number densities and average equivalent diameter of the dispersoids
in each alloy. The volume fraction of dispersoids have been found both
from TEM micrographs and by calculations based on electrical conductivity
measurements. Further, SEM and NanoSight particle tracking have been
used to study extracted powders of one of the alloys.
In order to obtain the correct volume fraction of dispersoids, each value
had to be corrected for the precipitation free zones (PFZs). The PFZs of
each alloy at different homogenization conditions have been determined by
the help of a Python program using optical microscopy images and SEM
micrographs.
Tensile testing and Vickers hardness measurements have been performed
to investigate the effect of dispersoid precipitation on mechanical properties.
The tensile properties have been related to the theory of the Orowan bowing
mechanism in particular.
1.3 Structure of the Report
This report consists of six chapters. The first chapter gives an introductory
explanation and background for the work done in this thesis. The theory
basis, needed to understand and perform the work done, is presented in
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Chapter two. A description of the experimental procedure is given in Chap-
ter three with relevant illustrations. The experimental results are presented
in chapter four, together with a detailed discussion of what was found and
reasons for this.
The conclusions are given in Chapter 5, shortly followed by ”Further
Work” in Chapter 6. Finally there are five appendices, denoted A-E, given
to enlighten the reader about the different approaches to the work. The
two last appendices, D and E, are articles that have been written based on
results from Chapter four.
All SEM micrographs and optical microscope images presented in this
thesis have been taken by Astrid Marie F. Muggerud. Otherwise, if not
specified in figure texts or table captions, the images have been taken by the
author. For the appendices, specifications will be given on the cover page
of the appendix or in the first paragraph.
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2 Theory
The theoretical basis for the master thesis is to be presented in the cur-
rent chapter. The theory will be divided into three main parts concerning
aluminium alloys, microscopy and tensile properties.
2.1 2.1 Aluminium and Aluminium Alloys
In order to form a background for the work to be presented, some basic
knowledge of Aluminium alloys will be given. Especially precipitation hard-
ening and alloying elements will be given much attention since they are the
main focuses in this thesis.
2.1.1 Aluminium
Aluminium has atomic number 13 and is a member of the Boron group in
the periodic table. The density of the metal is 2.7 g/cm3, thus giving it
the property of being one of the light metals [7]. The crystal structure of
Aluminium is face centered cubic (fcc). The fcc unit cell is illustrated in
Figure 1.
Figure 1: The face centered cubic crystal structure of Aluminium.
14
The different aluminium alloys are classified depending on which ele-
ments are the main alloying elements. The alloys are presented in Table1
[7].
Table 1: Wrought Aluminium Alloys and its main alloying elements
1xxx Super purity and commercial-purity aluminium
2xxx Al-Cu and Al-Cu-Mg alloys
3xxx Al-Mn and Al-Mn-Mg alloys
4xxx Al-Si alloys
5xxx Al-Mg alloys
6xxx Al-Mg-Si alloys
7xxx Al-Zn-Mg alloys
8xxx Miscellaneous alloys
2.1.2 Aluminium 3xxx alloys
The 3xxx series of aluminium alloys has Manganese as its main alloying
element. This series is used when moderate strength combined with high
ductility is required for the material. Iron is present as an impurity in these
alloys, and will reduce the solubility of Mn in solid solution. Alloys produced
for use in commercial areas can contain up to 1.25 wt% Mn, however the
theoretical maximum solubility is 1.82 wt% [6, pp 129]. The most commonly
used 3xxx alloy with Mn as its main alloying element is the 3003 alloy.
When homogenizing aluminium 3xxx alloys, new phases will start to
precipitate. In the as-cast alloys, the solid solution will be supersaturated
with Si and Mn. The alloys are homogenized in order to avoid as much
microsegregation as possible and obtain the right distribution of Mn in ad-
dition to the desired amount of particles in solid solution. The main focus of
the current work will be on the precipitation of dispersoids during this ho-
mogenization process. However, also some discussion about the constituent
particles will be given.
A TEM micrograph presenting the size and morphology of dispersoids
after homogenizing the material is given in Figure 2. The dispersoid type
will depend on the homogenization time and temperature in addition to the
as-cast composition of the alloy.
When annealing at low temperatures there are two meta stable phases
forming in binary Al-Mn aluminium alloys. These two phases are the body
centered cubic (bcc) Al12Mn and the orthorhombic Al7Mn ([32], [33], [34]).
When adding Silicon and Iron to the alloy, the otherwise slow decomposition
of the supersaturated solid solution level of Mn is enhanced because of the
reduced solid solubility level of Mn. When adding Iron to the solid solution it
is possible to obtain a new phase where Iron substitutes Mn, resulting in an
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Figure 2: An example TEM micrograph showing the size and morphology
of dispersoids in alloy C1 homogenized for 12 hours at 450◦C. Dislocation
lines are visible in the vicinity of some dispersoids.
orthorhombic phase Al6(Fe,Mn). A bcc α-Al(Mn,Fe)Si phase can transform
from the previous orthorhombic α-Al phase when the ratio between Fe and
Mn is large. However in the opposite case with high Mn/Fe ratio the phase
can be a sc α-Al(Mn,Fe)Si phase, which is favoured when adding Si to the
solid solution.
It has been discovered a quasi crystalline icosahedra phase for 3xxx alloys
homogenized at low temperature at early stages of precipitation ([35], [36],
[37]). It is highly possible that this phase is an early stage of the sc α-
Al(Mn, Fe)Si phase for the alloys containing high amounts of silicon. It
has also been proposed that the icosahedra phase is an early stage of the
orthorhombic Al6(Fe, Mn) phase when small amounts of silicon has been
added to the alloy.
The constituent particles will precipitate during the solidification process
and it has been found that this phase consists of more Fe than the dispersoid
phases. This is mainly because the solubility of Mn in Al is larger than that
of Fe.
2.1.3 Precipitation From Solid Solutions
New phases may form in solids in order to lower the free energy of the
system. The free energy change on mixing per mole of solution for alloys
can be expressed as [12]:
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∆Gm = Gs −Gp (1)
Gs is defined as the free energy per mole of solution while Gp stands
for the free energy per mole of the unmixed components. Considering ideal
binary alloys the free energy of mixing is given by
∆Gm = ∆Hm − T∆Sm (2)
where ∆H is the enthalpy change of the system, T is the temperature
and ∆Sm is the entropy change upon mixing.
In general, the requirement for precipitation is a lowering of solubility as
the temperature decreases. However, by quenching the alloy to sufficiently
low temperatures, one can obtain a metastable solid solution where the
secondary phase do not have time to precipitate. In addition to this it is
possible to find new metastable phases which are not represented in the
equilibrium phase diagram. This can be done by quenching to moderately
low temperatures, causing new phases to precipitate. It is the latter effect
that often is the cause of precipitation hardening [12].
There are continuous and discontinuous modes by which the precipita-
tion reaction at equilibrium can take place. The continuous mode basically
means that the new phase nucleates as discrete particles grow into the parent
matrix. The parent matrix of the discontinuous mode however transforms
into a structure of alternating plates of parent matrix and the new phase.
The strengthening effects will in general be due to the continuous precipi-
tation.
Precipitates often grow into characteristic shapes like cubes, plates or
needles. As an example, precipitates that have plate shapes will often tend
to form along specific sets of hkl planes in the parent matrix because of
coherency, how they fit together with the already existing lattice and how
the interface energy will be lowered. The planes in which the plates form is
often referred to as the habit planes of the precipitate.
It has been discovered that before the equilibrium precipitates form,
there are one or more meta stable precipitates forming. This behavior occurs
when the alloy is annealed at temperatures below the solvus temperature of
the equilibrium phase [12].
2.2 Precipitation Hardening
Dislocations and their mobility are, as mentioned earlier, the most important
mechanism controlling the strength of a metal or alloy. When age hardening
an alloy the precipitates that appear during the process will interact with
the dislocations, making slip more difficult to achieve. Some basic theory of
the interaction between dislocations and precipitates will be presented here
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in order to establish a basic understanding of the mechanisms occurring
between the two.
One of the first important things to note is that the interaction between
a dislocation and a dispersed particle will increase the critical resolved shear
stress by ∆τ and the process in itself can be split into three main processes.
That is, the two most important mechanisms are when the dislocations loop
the particles or cut through them [12].
2.2.1 Particle Coarsening
After long enough time, the precipitation of a new phase will reach its equi-
librium volume fraction. The particle growth of the larger precipitates does
not stop at this point, but continues on the expense of the smaller ones. This
is because the system is working to reduce the surface potential. As a re-
sult, the volume fraction of the precipitate phase will remain approximately
constant after coarsening has started.
The atom loss from the smaller precipitates will take place by transfer
across the particle-matrix interface, or by diffusion into the parent matrix.
Work done by Lifshiftz and Wagner suggests that diffusion is the main con-
trolling parameter when it comes to growth [12]. By assuming the precipitate
to consist of a single element, the rate of atom loss from a spherical particle
with radius R can be expressed by [12]
J = 4piR2(−D)(dC
dr
)s (3)
”where D is the diffusion coefficient of the parent matrix and (dC/dr)s
is the radial concentration gradient of the precipitate atoms in the matrix
at the particle-matrix surface.”
The average particle size RA is given by the relation
RA = Σ
Ri
n
(4)
where i is the i’th particle and n is the number of particles in total.
It has been established by Liftshiftz and Wagner that the predicted time
dependence of the mean radius of the precipitates can be expressed as [12]
RA
3 = RA,03 + [
8
9
V A
2γCD
kT
]t (5)
where RA,0 is the original average particle size at the time when coars-
ening started. γ is the particle-matrix surface tension of the precipitate
particle. It should be noted that this relation is given for a spherical ap-
proximation where the precipitates consist of a single element. As a result,
precipitates will effectively coarsen their radius to the one-third power of
time t. Subsequently this concludes that coherent precipitates coarsen at a
slower rate than incoherent precipitates [12].
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Figure 3: The binary phase diagram of Aluminium and Manganese [20]
2.2.2 Phase Diagrams and Diffusion
Diffusion is a form of molecular motion, and solids are dependent on this
motion as the only mechanism which can transport mass. Interstitial and
vacancy diffusion are the two main diffusion mechanisms. The interstitial
diffusion concerns interstitial atoms jumping through the interstitial voids
through the lattice. This type of diffusion mostly occurs for the smaller
elements. However, when it comes to vacancy diffusion the atoms will jump
through the lattice by jumping into the near neighbor vacancies. The latter
diffusion process should be the dominant one for 3xxx aluminium alloys,
where the main alloying element is Mn.
It has been established by Adolf Fick in 1850 that the flux of atoms is
proportional to the volume concentration gradient [12]. The relation is given
in Fick’s first law of diffusion, where J1 is the flux of atoms crossing a unit
area, C1 is the volume concentration of some component denoted 1 and D1
is the diffusion constant.
J1 = −D1dC1
dZ
(6)
The atoms will flow from an area of high concentration to an area of
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low concentration, leading to the minus sign in Fick’s first law of diffusion.
In other words, ”whenever a concentration gradient is present in a metal,
a diffusion flux will occur” [12]. From Fick’s first law it is clear that one
needs to determine the diffusion coefficient D1. By setting up a differential
equation for the process, where the area through which the diffusion occurs
is constant the whole time in the Z direction. The differential equation is
referred to as the continuity equation which is limited to diffusion in one
direction.
− δJ
δZ
= δC
δt
(7)
Fick’s second law is a partial differential equation where C1 is the time
dependent variable. Z, the length, and t, the time, are given as the inde-
pendent variables in this equation [12].
δ[D1δC1/δZ]
δZ
= δC1
δt
(8)
Another approach to understand diffusion is by looking at it from an
atomic view. It is possible to compare the diffusion coefficient of an atom
to the jumping properties it will have in a specific crystal [12]. If a diffusion
gradient exist in a metal, it can disappear if the random motion of the atoms
gets high enough. To understand this completely it is necessary to define
some more relationships. The flux can be expressed as [12]
J = −α2pΓδC
δZ
(9)
where J still is the flux, α is the spacing between two occupied (hkl)
planes 1 and 2, p is the probability of an atom jump leading to a jump from
plane 1 to plane 2 and Γ is the number of times per second a particular
atom will jump to a neighboring position. By comparison with Fick’s first
law stated earlier in the section this gives another result for the diffusion
coefficient [12].
D = α2pΓ (10)
Which in turn will give enough information to obtain the diffusion coef-
ficient for an interstitial atom diffusing in an fcc lattice such as aluminium.
D = a
2Γ
12 (11)
2.2.3 Nucleation
The liquid-to-solid or solid-to-solid phase transformations are transforma-
tions where the structure changes in some way. The solid-to-solid phase
transformations can in many cases lead to a difference in volume between
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the parent and newly formed phase resulting in the formation of strain.
It is also common that the composition of the new phase is different from
that of the parental phase. Nucleation and growth of nuclei is the general
way phase transformations occur [12]. Generally new phases will start their
nucleation at discontinuities in the parent matrix because the energy bar-
rier is lower in such areas. Discontinuities serving as nucleation sites can
be dislocations, grain boundaries or dendrite arm boundaries. Nucleation
occurring at inhomogeneities or vacancies of the parent matrix are referred
to as heterogeneous nucleation. The other type of nucleation, homogeneous
nucleation, is defined as ”phases forming uniformly throughout a bulk of
parent phase” [12].
The temperature dependence of the critical size nucleus is given by [12]
r? = − 2γ∆S∆T (12)
γ is the surface tension between the liquid and solid phase, ∆S is the
entropy difference and ∆T the temperature difference. From this equation
it is apparent that the critical nuclei size decreases as the temperature dif-
ference and entropy difference increases. Nucleation will thus happen more
frequently at low temperatures since it is easier for a critical nucleus to form.
In any nucleation theory one has to consider the strain energy. The
strain will inhibit nucleation because of the positive energy that is needed
in order to generate the interface between nucleus and parent matrix [12].
When replacing the volume where the original phase was located, the volume
of the newly formed phase needs to be the same if no strain is going to be
avoided. This is because if the volume of the new phase deviates from the
original volume of the matrix, it needs to be contracted or expanded in order
to fit. Such contraction or expansion requires additional energy and acts as
an inhibitor to nucleation of new phases.
The Orowan Bowing Mechanism When an aluminium specimen
is subject to plastic deformation, the metal atoms will be permanently dis-
placed from their equilibrium positions. The displacement will take place
by several different mechanisms, where the primary ones are slip, twinning,
grain boundary sliding and diffusional creep [12], as already described in
this section.
The most important mechanism in this context will be the slip system
and by definition this system is ”the parallel movement of two adjacent
crystal regions relative to each other across some plane(s)”[12]. The current
section will be restricted to slip systems in fcc crystals, as this is what has to
be considered when working with aluminium alloys. The slip in fcc crystals
always happen on {111} planes, however exclusively in the {110} directions
[12]. It is well known that fcc crystals have four sets of {111} where {110} is
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Figure 4: An edge dislocation bypassing particles in the parent matrix.
Orowan loops are left behind around each particle as the dislocation moves
away [29].
present with three directions in each of them. This results in 12 slip systems
one should be aware of with Aluminium.
The Orowan bowing mechanism for bypassing particles can be used to
explain the dispersion hardening effect from partially coherent dispersoids.
Due to this mechanism there will be an increase in Yield stress when per-
forming a tensile experiment, which in turn can be calculated by using the
Ashby-Orowan equation [12]
σp =
0.84MGb
2pi(1− v) 12
λln
r
b
(13)
where M is the Taylor factor, G the shear modulus of the aluminium
matrix, b the Burgers vector of dislocation in aluminium, v the Poisson
ratio and r is the radius of the particles. The variable λ is the inter spacing
between particles, which again is given by the relation
λ = r(2pi3f )
1
2 (14)
where r is the radius and f is the volume fraction of particles. An
illustration of particle looping is given in Figure 4 [29].
Particle Looping Particle looping may be explained by dislocations
bowing out as they encounter precipitate particles. When the dislocation
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has bowed out sufficiently it will in the end meet at the opposite side of the
constituent particle as it moves across the matrix. The dislocation parts
meeting as the dislocation loops around a particle will be of opposite nature
and thus annihilate, causing the looping dislocation to separate from the
main one. The shear stress required to make the dislocation move past the
particles can be expressed as [12] pp 404-414
∆τ = T
bRmin
(15)
where b is the Burgers vector of the dislocation, T is the line tension pos-
sessed by the dislocation and Rmin is the minimum mean radius of curvature
that the dislocation can possess overall.
In the case of a random distribution of precipitates or other particles
having volume fraction f and mean radius r, the average distance d between
them would be
d = (2pi3f )
1
2 r (16)
where the array has been assumed to be simple cubic [12].
Ashby obtained an expression for this particular mechanism, leading to
the following expression for the critical resolved shear stress ∆τ [12]
∆τ = kGbf
1
2
r
ln
2r
r0
(17)
where the constant k = 0.093 when calculating the shear stress for edge
dislocations and k = 0.14 in the case of screw dislocations. By considering
the equation of the critically resolved stress one observes that as the spacing
between the particles decrease the strength of the alloy will increase. It
should be noted that as the spacing between the particles goes down also
the particle radius decreases. Equivalently there will be a lowering of the
alloys strength due to the looping mechanism when the particles start to
coarsen and the spacing between them increases. All equations in this section
has assumed the repulsive force between the dislocation and the particle
large enough so that the precipitates and particles were able to stop the
dislocations upon contact.
When all effects have been taken into account ∆τ can be expressed as
∆τ = αf 12r
−1 (18)
Where α is a function of the dislocation line tension.
Particle Cutting When looking at particle cutting the same assump-
tions made for particle looping can not be made. The particles will no longer
be able to stop the dislocation moving through them, and it will instead glide
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right through. This results in an offset through he particle glide plane of
a vector b, practically leaving the particle cut and moved in this direction.
It is common to divide this interaction process into short-range interaction
and long-range interaction. The distance of which the dislocation interacts
with the particle is set to more than 10b for long-range interaction and less
than 10b for short-range interaction [12] pp 404-414.
Assuming the precipitate to be ordered there, is created an antiphase
boundary at the glide plane as the dislocation cuts it [12]. The energy of
such a cut boundary at the glide plane can not be neglected when considering
the interaction energies. In order to understand the expression for ∆τ for
short-range interactions it should be noted that the are of the cut particle is
considered to be a circular disk when the radius of the particle on the glide
plane is large compared to b. The effects of dislocation pairs, dislocation
bow outs and the new surface area generated between particle and matrix
by cutting is also included in the expression.
∆τ = 1.1√
α
γs
3
2 f
1
2
Gb2
r
1
2 (19)
Upon approach for long range interactions, the strain field of the dis-
location interacts with that of the precipitate particle in the matrix. The
force between the two strain field will act as a repulsive force, resulting in
the following expression for the critical resolved shear stress ∆τ [12].
∆τ = [ 27.4E
33b
piT (1 + v)3 ]
1
2 f
5
6 r
1
2 (20)
E is Young’s modulus, T the line tension, v the Poisson’s ratio, and  a
function of δ, which is the disregistry. The dislocation will still require energy
to cut through the precipitate particle even if it overcomes the interacting
strain fields. Long-range interactions will thus only be of importance for the
critical resolved shear stress when it contributes more than the short-range
interactions.
When summing up kinetics that would enhance the rate of precipitation,
it is worth mentioning a few main processes. Precipitation will occur at a
faster rate when increasing the aging temperature of the alloy. Another
way of enhancing precipitation rate could be by damaging the matrix before
aging, which would result in more dislocations and other favorable nucleation
sites. Adding impurities to alloys can also act as an acceleration of the
precipitation process.
Overall the relations described above is quite complex and it might be
more correct to think of this in real life as an expression taking the following
form, where β is a constant.
∆τ = βf
1
2 (21)
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Figure 5: An illustration of dendritic solidification in an Aluminium alloy,
the dendrite image in the figure is taken from [21]. The figure illustrates how
a small area inside the ingot will look with respect to dendrite solidification.
A larger magnification image of the dendrite arms is given in the rightmost
image in the figure.
2.3 Dendrite Solidification
As for almost all metal alloys, the 3xxx aluminium alloys generally freeze
with a dendritic interface. The solidification structure has been investigated
by Li and Arnberg in [18]. It was found that the variation in local cooling
rate resulted in a varying dendrite structure at different locations in the in-
got. This behavior is due to the differences in cooling rate through the cross
section of the ingot. With increasing distance from the ingot surface, the
ingot will be subject to a decrease in cooling rate. The secondary dendrite
arm spacing λ is known to be related to the ”one third” power of the solidifi-
cation time t [19]. Close to and at the surface of the billet the dendrites will
be coarse and columnar while when traversing past this thin layer a very
fine dendrite structure appears [18]. When moving even closer to the centre
of the ingot the dendrite solidification structure will start to coarsen again.
The dendrite structure will affect the size and morphology of primary
particles. When the dendritic structure is fine there will be a higher number
density of smaller primary particles than in the case of coarse dendrites [18].
The structure also affects the decomposition of the supersaturated solid
solution during homogenization when dispersoids are precipitating. Said in
a more specific way, the fine dendritic arms will enhance the precipitation
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of dispersoids as well as the dissolution of these at high homogenization
temperatures.
2.4 Microscopy
In the work presented two different Electron Microscopy techniques have
been used. The transmission electron microscope (TEM) has been used in
order to investigate the density and orientations of the dispersoids in each
alloy and to some extent the constituent primary particles. Further, the
scanning electron microscope (SEM) was used for surface characterization
of the dispersoids and constituent particles from a powder extracted from
the matrix. The precipitation free zones were also determined for some of
the conditions by SEM investigations.
2.4.1 Transmission Electron Microscopy
Transmission Electron Microscopes transmit accelerated electrons through
a very thin sample in order to obtain an image in the so called nano regime
of the material. The resolution of electron microscopes is, not surprisingly,
much better than that of light microscopes. This is due to the small wave-
length of electrons compared to the wavelength of electro-magnetic waves.
A good approximation to the best resolution one can get in a TEM is the
Rayleigh criterion [9] as shown in the equation below
δ = 0.61 λ
µsin β (22)
where the wavelength of the radiation is λ, the refractive index is given
by µ and finally the semi-angle of the lens is denoted β. Equation (13) states
the smallest distance of which it is possible to resolve in a microscope. It
is clear that while keeping the other variables constant, the smaller λ the
better resolution. It is however not possible to build a perfect TEM that
can reach the limit of resolution as described in Equation (13). This is
due to the limitation of making perfect electron lenses which are made up
bysolenoids. The bysolenoids makes the electromagnetic fields determine
how the electrons are bent, spread and focussed.
In contradiction to X-rays one can not assume that the electrons in a
TEM is following the kinematic approximation. That is, the interaction
between the electrons and the specimen is strong. This means that before
emerging on the other side of the specimen the electrons will most likely
undergo multiple scattering, which also can be referred to as dynamical
scattering.
That electrons exhibit both wave- and particle behavior is a well known
phenomenon. It is important to be aware of both characteristics when it
comes to TEM analysis of specimens. When it comes to electron diffraction
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and interference we are dealing with typical wave phenomena. A way of
explaining the particle behavior of the electrons is by looking at the electron
current through the specimen. At 100 keV the electrons will travel with a
speed of 0.5c leading to the conclusion that only one electron can be inside
of the specimen at a specific time [9]. The particle momentum p can be
related to its wavelength λ by the equation
λ = h
p
(23)
where h is Planck’s constant. For the electrons to obtain sufficient mo-
mentum in a TEM they are accelerated through a potential drop V. The
kinetic energy of the electron must be equal to the potential energy, resulting
in the relationship [9]
p = m0ν = (2m0eV )2 (24)
By substituting and rearranging one obtains the following relation be-
tween the wavelength λ of the electrons and the acceleration voltage in the
electron microscope
λ = h
2m0eV (1 + eV2m0c2 )
1
2
(25)
the relativistic effects have been taken into account in the expression
since the electrons will exceed half the speed of light when acceleration volt-
ages greater than 100 keV are used [9]. Evaluating the equation above it
is clear that the wavelength of the electrons will decrease as the accelera-
tion voltage in the TEM is increased and vice versa. In other words, as the
operator of a TEM one is in charge of the desired wavelength of the trans-
mitted electrons. One of the limitations when applying high voltages is that
the specimen might get destroyed in the process. Particularly for 3xxx alu-
minium alloys one should not exceed 150 keV because of the damage that
would be done to the specimen. Usually damaged done on the specimen
by the electron beam will be by ”knock-on damage”. This basically means
that the beam energy is transferred to the atoms in the material and sub-
sequently knocks them out of their original positions. The atom which has
left its atomic site leaves behind a vacancy and the atom itself becomes an
interstitial [9] pp 65-67. For more information about beam damage see [9],
chapter 4 in particular.
One of the limitations when using a TEM is the need for ultra thin spec-
imens. Thin should in this context be understood as electron transparent,
which typically should be around 100nm when it comes to Aluminium alloys
[9]. The general set-up of a TEM is presented in Figure 6
As can be observed from Figure 6 the electron source is located on top.
There are many different types of electron sources, however, the most com-
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Figure 6: The ray paths of electrons for bright field imaging. The figure is
based on the figure from Williams et al.[9].
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mon in terms of TEM is either Tungsten or lanthanide hexaboride (LaB66)
[11]. Both Tungsten and LaB6 sources have the collective name thermionic
sources. The filament can be considered to be a bent string with a pointy
end in the middle and is heated by letting a current pass through it. The
brightness of the LaB6 filament will be greater than that of the Tungsten
filament [11], it is important to emphasize that the brightness should be
considered as the current density per unit solid angle of the source. In addi-
tion to being brighter, the LaB6 source is more expensive than the Tungsten
filament. In order to enhance emission, the LaB6 crystals are often grown
with a 110 orientation.
A different type of electron source is the field emission source (FEG).
FEGs supply more monochromatic electrons than the thermionic electron
sources and are considered to be the best choice when a bright, coherent
source is required [9]. Considering the setup of a FEG, the FEG itself is
the cathode. Two anodes are used where the first serves as the extractor of
electrons and the second accelerates them to the desired high voltage.
The next section in the TEM column is the Condenser lenses. There are
two condenser lenses in a typical TEM column referred to as C1 and C2.
Above the first lens there is a set of gun shift and tilt coils. Just below the
second lens C2 and above the specimen plane a set of beam shift and tilt
coils are located. If there is a need to change the strength of the first lens
C1 one can change it with a function often referred to as ”spot size” on the
panel [11].
The sample is mounted in the sample plane also shown in 6, directly
below the objective lens. Electrons passing through the center of a lens will
not change their paths when doing so. However, electrons passing the lens
at an angle will experience a bending of their path. The initial parallel paths
will be focused in the so-called focal plane, that is, they are intersecting in
the focal plane. The image of the sample which is focussed in such a plane
will be rotated 180 ◦ with respect to the original orientation of the sample
[9]. The important planes when considering a lens is thus the object, image
and focal planes. These planes are related as follows
1
f
= 1
d0
+ 1
di
(26)
where f is the focal length, d0 is the object distance and di is the image
distance respectively [9]. The objective lens will be the main lens forming
the images and diffraction patterns that are magnified by the other lenses
in a TEM. The focal length of such a lens will be kept as short as possible
in order to get as high a resolution as possible. Although this should at the
same time not create difficulties when tilting the specimen.
The standard object plane for the object lens is the eucentric plane. In
short, when the specimen is located in the eucentric plane it will not move
when tilting the specimen holder. When defining the other planes involved
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Figure 7: An illustration of the different signals that are generated was
the electron beam interacts with the specimen. The figure is based on the
interaction figure from [9].
in the TEM system, it is done with respect to this plane.
As the electrons spiral around the optical axis in the TEM column, they
can be subject to a non-uniform magnetic field. This defect is referred to
as astigmatism [9], and can be due to imperfect machining of the soft-iron
pole-pieces resulting in asymmetrical cylinders. In addition to the machin-
ing faults there can be local inhomogeneities in the micro-structure of the
iron. Apart from astigmatism arising from the iron itself, there can also be
contributions from the way the aperture is introduced to the lens, that is,
if it is not centered accurately around the axis or if the aperture is contam-
inated. It is possible to do corrections to the astigmatism by introducing a
compensating field. This field comes from small octopoles and are located
in both the condenser lens system and the objective lens [9]
Electrons is often referred to as ionizing radiation as it interacts with a
specimen. A variety of different secondary signals will be produced due to
the interaction between the ionizing radiation and the specimen. Most of
these secondary signals are shown graphically in Figure 7.
2.4.2 Parallel Electron Energy-Loss Spectrometry, (P)EELS
An important tool for measuring the thicknesses of TEM specimens is the
parallel electron energy loss spectrometry ((P)EELS). When setting the
mode of the TEM to PEELS the electrons that are transmitted through
the specimen will be directed into a high resolution electron spectrometer.
The spectrometer separates the inelastically scattered electrons according
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to their varying kinetic energy [10].
It is common to look at the EELS spectrum in two separate regions,
that is the low-loss and high-loss regions. Many electron microscopes have
a parallel-collection EELS (PEELS) mounted just after the viewing screen.
The PEELS is in short a system relying on a magnetic prism [10] pp 680-685.
The electrons will be separated by an aperture located at the entrance of
the system, this aperture can easily be varied as one pleases. It is obvious
that since the magnetic prism is in fact a lens, it must be focussed correctly
in order to get the correct spectra. A schematic illustration of a PEELS
situated below a TEM column is given in Figure 8.
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Figure 8: Schematic diagram of PEELS interfaced below a TEM column.
The dispersion energy in an EELS spectra is defined as ”the distance
in the spectrum between electrons differing in energy by a value E [10].
Typically each diode will detect electrons in an energy range of about 15 eV.
It is because of this that the dispersion plane is magnified approximately 15
times in order for the energy resolution to be at 1 eV. The different electron
sources are very important for the resolution, as an example the Wolfram
filament will give the lowest resolution when using EELS.
Zero-Loss For sufficiently thin specimens the zero loss peak will ap-
pear as the dominant peak compared to the others. As can be understood
from its name, the peak is due to electrons being transmitted through the
specimen without losing any of their initial energy. However, the energy
resolution will lead to electrons losing only a small amount of energy also
being added to the zero loss peak. The additional electrons contributing to
the peak will mostly be those that excite phonons on their way through the
specimen.
Low-Loss Losses of energy in the range up to 50 eV are referred to as
low-losses. It can sometimes be vital to remove the tail on both sides of the
zero loss peak in order to study the low-loss area. The energy loss in this
particular energy range are mostly due to plasmons, which are oscillations
of weakly bound electrons. Plasmons have longitudinal oscillations which
are damped quickly. The peak in the EELS spectrum which arises because
of plasmons is the second most dominant peak in the whole spectrum. For
Aluminium the plasmon losses will dominate, similarly to other light metals
with free-electron structures. Each material has its characteristic mean-free
path of plasmons. The total mean free path for plasmons in pure aluminium
at 150 kV is
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Figure 9: A typical example spectrum from Parallel Electron Loss spec-
troscopy of aluminium.
λAl = 111nm (27)
this result is based on private discussions with SINTEFMaterials, Trond-
heim and [45]. The thickness, t, of the TEM specimen can be found by using
Equation
t = λlnNT
N0
(28)
where λ is the mean free path for plasmons, NT is the total number of
counts and N0 is the number of counts in the zero loss peak.
High-Loss When enough energy from the incoming electrons are trans-
ferred to the electrons in the shells of the atoms, high-loss occurs. The limit
of high loss is roughly set to be above 50 eV. This simply means that the
atoms are ionized as the electrons from the inner shells are moved out of
the atoms attractive field. When the ion again consumes an electron from
one of the outer electron shells, characteristic X-rays or Auger electrons may
be produced. It is the information collected from the high-loss parts of the
spectrum that is used for elemental identification.
When taking an EELS spectrum it is important to remember to subtract
the background. The background will not be possible to distinguish from
the system noise. Contributors to the background can be both plural and
single scattering in addition to the spectrometer itself[10].
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The background has its highest value at bout 15-25 eV closely after the
plasmon peak, it then decreases with increasing channel number until it
reaches its minimum at an energy difference relative to the zero loss peak of
about 2 keV. There are two possible ways of removing the background from
the spectrum, curve fitting and difference spectra. Only difference spectra
will be described here as it is the preferred method when using a PEELS.
Two spectra are taken and subtracted from one another, these two spectra
will have an offset of a few eV. The result of the subtraction leads to a
reduction of the varying background to zero. There will appear difference
peaks due to the highly variable ionization edge intensity.
2.4.3 Scanning Electron Microscopy
In a scanning electron microscope (SEM) the different interaction processes
are used to analyze and create images of the specimen. A raster scan is
traced out by the electron beam on the surface of the specimen [12]. The
interaction between the electrons and the sample can result in backscattered
electrons, secondary electrons, Auger electrons and X-rays. The most com-
mon voltage range for a SEM is from 1 keV to 30 keV. The resolution of
the images will typically increase with decreasing acceleration voltage, it is
therefore preferable to use as low a voltage as possible. The beam will have
an interaction volume typically shaped like a light bulb.
For many SEMs it is possible to change between different imaging modes.
A topological imaging mode will in short show the surface of the specimen
as it will only detect the secondary electrons. In order to obtain a more
penetrating image where the micro structure is visible further into the ma-
terial, one often use the compositional mode. The compositional mode only
takes the backscattered electrons into account and thus visualizes a thicker
part of the specimen. A schematic drawing of a SEM is given in Figure 10.
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Figure 10: Schematic drawing of a Scanning Electron Microscope. The
detectors are not included in the figure.
2.5 Diffraction
Crystalline materials have been established to have long range atomic or-
der by amongst others von Laue and the Braggs [8]. When investigating
materials consisting of several phases and small particles, a transmission
electron microscope is often the preferred tool. A TEM can easily switch
between real and reciprocal space, meaning that it is a very good tool for
amongst other work concerning the determination of phases and orientation
relationships. An example of electron diffraction is given in Figure 11.
Braggs law, describing the path length for rays reflected by parallel
planes, is given by [22]
2dsinθ = nλ (29)
where d is the spacing between adjacent parallel planes, θ is the angle
between the incident beam and the crystal plane, n is an integer and λ is the
wavelength. This can also be connected to the distance between interatomic
hkl planes in real space for a cubic lattice by the relation
dhkl =
a√
h2 + k2 + l2
(30)
a is the lattice constant of the cubic lattice.
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Figure 11: Diffraction pattern from D1, homogenized at 375◦C for 24 hours.
Two constituent particles are overlapping, the two different orientations give
the two sets of lines in the image.
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It is known that the intensity of a Bragg reflection is proportional to the
square of the modulus of the structure factor Fhkl. The structure factor is
expressed as
F hkl =
∑
f jexp[−2pii(rjghkl)] =
∑
f jexp[hxj + kyj + lzj ] (31)
where the summation is over all atoms in the basis of the lattice and fj
is the scattering factor. The vectors rj and gj are the position of the j’th
atom in the unit cell and the reciprocal lattice vector respectively.
Because of the structure factor not all reflections from a crystal will
always appear. Some reflections will be extinct and therefore including the
lattice effect in the diffraction pattern. For aluminium, reflections where
all indices are even integers or if all are odd integers, the structure factor
becomes 4f. Since the structure factor is non-zero, there will be reflections. If
the indices are partly are even and partly odd, the structure factor becomes
0, and the reflection will be extinct [22].
2.6 Electrical Conductivity and Tensile Testing
This section will give an introduction to the theoretical background for the
electrical conductivity and tensile results presented in part 4.1 and 4.7.
2.6.1 Electrical Conductivity
The electrical conductivity mirrors the ability of a material to let electrical
current pass through it. The electrical resistivity ρ is given as the reciprocal
of the conductivity σ, describing a materials opposition to conduction of
electrical charge [22].
σ = 1
ρ
(32)
The electrical conductivity is measured in Ωm−1. The electrical resistiv-
ity is defined as [22]
ρ = E
J
(33)
where E is the electrical field in the material and J is the electrical
current, that is, the magnitude of the current density.
The relationship between the electrical conductivity and the different
concentrations of the alloying elements in solid solution can be expressed as
[13]
1
σ
= 0.0267 + 0.032FeSS + 0.033MnSS + 0.0068SiSS (34)
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Where FeSS , MnSS and SiSS is the amount of Iron, Manganese and
Silicon respectively in solid solution. When considering the relative concen-
tration change of Mn and Fe in solid solution one can use the equation above,
where the main assumption is that the change of solution level is due to the
precipitation and coarsening of dispersoids. The change of concentration of
Fe and Mn simultaneously, ∆(Fe + Mn) in solid solution can then be found
by [13]
∆(Fe+Mn) = 10.033[
1
σ(T ) −
1
σ(0) ] (35)
where σ(T ) is the electrical conductivity after the homogenization, and
σ(0) is the one before.
2.6.2 Tensile Strength
Strength and ductility is often described as the mechanical properties most
dependent on the atomic structure and microstructure of the metal [12].
Stress-strain curves are commonly used in order to present the mechanical
properties of a metal, as will be the case in the present work. In a stress-
strain diagram there is a specific point called the yield stress, referring the
point where plastic deformation takes over for elastic deformation of the
metal. In short, elastic deformation means that the deformation of a metal
due to an applied stress is recoverable upon the release of stress [12]. Plastic
deformation occurs when the deformation is not recoverable upon the release
of the applied stress. The yield stress is often approximated to be the same
as the elastic limit since the two are difficult to separate.
When considering low stresses the stress-strain function is linear and
follows Hookes law, as shown in Equation [12]
σ = E (36)
where σ is the tensile stress, E is the proportionality constant Youngs
modulus and  is the strain.
The plastic behavior should be discussed in more detail as it can be
divided into three parts after the yield point, yielding, strain hardening and
necking. In the area of the curves between the maximum tensile strain point
and the rupture the samples are subject to necking. In the case of sharp
yield points the stress-strain curve can be correlated to two main features
for obtaining such a sharp point[14]. Those are ”an increase in the number
of moving dislocations[14]” and ”a direct relationship between stress and
velocity of dislocations[14]”.
These criteria should also be considered when interpreting the results
for samples where the curves do not have such a sharp yield point. No
pronounced yield points could be the cause of no increased number in the
movement of dislocations and/or there does not exist a direct relationship
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Figure 12: A stress strain plot from a tensile specimen of an Aluminium
3xxx alloy. 1: proportional limit, 2: the Yield point, 3: is the ultimate
strength point. The offset strain line crosses the x-axis at 0,2% strain.
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between stress and velocity of dislocations, as suggested in the two main
criteria above. The yield point is also proven to have significant temperature
dependence, however only behavior at room temperature will be discussed
here. Usually dislocations are pinned, but this pinning does not only need
to be due to interstitials, precipitates can also contribute to the pinning,
which in turn can lead to more pronounced yield points[14].
Lattice strains can occur in materials when solute atoms interact with the
solvent atoms in the lattice and also differ in size from the solvent atoms.
However a different phenomenon occurs when there are interstitial atoms
present. The interstitial atoms will try to move towards dislocations in the
material, or said in a different way, they will try to migrate to the ”open area”
nearby the dislocations. Interstitial atoms are small and pin the dislocations,
the excess below an edge dislocation is known as the Cottrell atmosphere.
When the material is deformed, dislocations are introduced; in other
words, the density of dislocations in the material increases. By increasing the
density, also the yield strength will be affected. In order to put dislocations
into movement through the crystal lattice, the stress must be higher than
before, resulting in an increase in the yield strength.
Samples that have been deformed in some way, for example by work
hardening, will be deformed with respect to the displacement of crystal
planes. When this happens, the direction of which has been deformed can
be expected to rupture earlier and more abrupt than for those directions
of the sample that still has an approximate original spacing between the
crystal planes.
The plateau after the yield point, if present, is called the yield point
elongation, which is a diffusion related phenomenon. If the right conditions
of strain rate and temperature are present during deformation of the speci-
men, it will no longer be only dislocations moving, but also the interstitial
atoms will tend to get dragged along with them. There is another possibility
where dislocations break away from their interstitial pinning atoms and get
re pinned, with next to no increase in the stress. These actions can alone
or together cause serrations or discontinuous changes in the stress-strain
curves11.
Because of the interstitial atoms there will be pinning of dislocations as
the material is work hardened. These pinned dislocations will cause Luders
bands to form during tensile testing, that is, they will block the movement
of dislocations. The band will mostly start in the shoulder region of the
specimen and then propagate through the material, causing elongation to
the yield point9. Typically there will be several Luders bands forming in
the points of stress concentration12, they will normally be located around
45 degrees to the tensile axis. From the point of generation of dislocations a
zone of high dislocation density (localized strain) sweeps through the spec-
imen. The cross section of the specimen is reduced, raising the stress and
inducing other such bands until uniform work hardening begins.
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2.7 Particle Tracking
The current section will present some of the basic theory needed for particle
tracking. The theory given has been used in experiments presented in section
5.
2.7.1 NanoSight Particle Analyzer
When analyzing nanoparticles moving in a liquid their number and size
distribution can be determined by particle tracking. The particles suspended
in a liquid will move due to Brownian movement where the Stokes-Einstein
relation is the basis for calculations [17]
D = kBT6piηr (37)
where D is the self diffusion coefficient, kB is Boltzmanns constant, T
is the temperature and η is the viscosity of the liquid. Brownian motion
describes the random movement of a particle which is suspended in a liquid
or gas. This movement is due to the bombardment of smaller particles onto
the larger ones, resulting in a presumably random motion.
For a spherical body extended in a liquid the friction coefficient ζ will
be given in the following manner
ζ = 6piηR (38)
When considering tracking movement in two dimensions the diffusion
coefficient can be found from the relation
< ∆x2 +∆y2 >= 4Dt (39)
where the displacement in x and y direction is related to the diffusion
coefficient and the time the movement takes. This in turn leads to the
expression [17]
< ∆x2 +∆y2 >= 4Dt = 4tkBT
ζ
= 4t kBT6piηR (40)
which gives a relation from which it is possible to find the particle size
R
R = 2kBT3piη
t
< ∆x2 +∆y2 > (41)
3 Experimental
The experimental approach to each of the methods used will be presented
in this section. Illustrative figures are used to make the explanations less
complicated for the reader.
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Figure 13: The rods cut from the delivered extrusion billets. The rods were
cut as close to the centre of each ingot as possible and then cut into smaller
sample blocks as illustrated in the figure.
3.1 Material pre-treatment and homogenization
In this work four different DC cast alloys have been studied, C1, C2, D1
and D2. The alloys were provided by Hydro Aluminium, Sunndalsøra. The
chemical compositions of the alloys are presented in Table 2.
Table 2: Compositions of alloying elements of the as-cast state of the four
alloys in wt%
Alloy Si Mn Fe Al
C1 0.15 0.4 0.5 Bal.
D1 0.5 0.4 0.5 Bal.
C2 0.15 1.0 0.5 Bal.
D2 0.5 1.0 0.5 Bal.
The material was delivered as extrusion billets, each of a diameter of 150
mm. In order to have the same initial microstructure for all sample blocks
three rods were cut from the centre of each ingot. The rods were cut into
smaller pieces of about 2x2x1cm, an illustration is given in Figure 13. The
samples were then homogenized in an air circulating furnace at a heating
rate of 50◦C per hour and kept at different holding times as shown in Figure
14. In order to make sure the temperature increase was correct, a logging
unit was used throughout the homogenization.
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Figure 14: A graphical illustration of the homogenization of the samples.
The samples were homogenized at a heating rate of 50◦C. When the desired
homogenization temperature was reached, the samples were held at this
condition for times up to 24 hours. The so-called holding time started at 0
hours when the homogenization temperature was reached.
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For the alloys which showed some scatter in the resulting Vickers hard-
ness measurements, an additional homogenization treatment was done in
salt baths. The samples used for salt bath homogenization were the 0 and 1
hour holding time samples from the air furnace. The samples were quenched
into water directly after homogenization in the air furnace and salt baths.
3.2 Electrical Conductivity
Before electrical conductivity and hardness measurements could be deter-
mined from the block samples each block was grinded with silicon carbide
(SiC) paper. The samples were polished by P120, P320, P500, P1200 and
finally P2400 SiC parpers. Where the numbers indicate number of particles
per square cm. To avoid carbide attaching to the metal surface, soap was
grinded simultaneously as the sample block for SiC papers of P1200 and
P2400. After grinding, the smooth surface of each block was washed with
soap and water using cotton to wipe it off. Finally each block was cleansed
with ethanol and air dried.
The electrical conductivity was measured using a Fisher Sigmascope,
type EX8, which was carefully calibrated with two known conductors at 15
m
Ωmm2 and 48
m
Ωmm2 . Also the electrical conductivity from the as cast alloys
were measured in order to find the initial amounts of Mn and Si in solid
solution.
Figure 15: An illustration of the Sigmascope EX8 used to measure the
electrical conductivity for all sample blocks.
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3.3 Hardness Measurements
The Vickers Hardness (HV) for all samples was measured by a Matsuzawa
0.3-20kg hardness tester according to the standards ISO 6507 - 1:2006 [43].
The measurements were performed using loads of 1 and 5 kg. Each sample
was measured five times for each condition to get an appropriate average
value. Before the hardness measurements all the blocks had to be grinded
with SiC paper up to P2400.
An illustration image of a HV tester similar to that used for the hardness
measurements for this work is given in Figure 16.
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Figure 16: A Vickers hardness tester[40]. It should be noted that the HV
tester used in this work was similar to the one in the current figure, however
not identical.
When measuring the Vickers hardness, the indenter has the form of a
diamond shaped, square-based pyramid. The included angle between the
opposite faces at the vertex of the pyramidal indenter was 136◦. By mea-
suring the two diagonals of the indent and averaging them to d, the Vickers
hardness was found by the expression
HV = F 2 sin 136
d2
(42)
where HV is Vickers hardness, F is the test force used on the indent and
d is the average diameter of the indent. The shape of the indent is shown
graphically in Figure 17 and 18.
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Figure 17: The shape of the indent when measuring Vickers hardness is pre-
ferrably a square. In order to find the average distance d, the two diagonals
of the square is measured.
Figure 18: The diamond shaped indenter as seen from the side, being pushed
with a force F into the sample.
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3.4 Measuring the Precipitation Free Zones
For calculating the volume fractions of dispersoids in the different alloys at
different conditions it was necessary to correct for the precipitation free zones
(PFZ). The PFZs were investigated by optical microscopy and scanning
electron microscopy (SEM). A FESEM Zeiss Ultra microscope was used
for the SEM investigations of PFZs for the samples with low Si and Mn
content at low holding times. For the samples containing high amounts of
Si and Mn it was possible to use an optical microscope to measure the PFZ
due to the larger sizes and high number density of dispersoids. In order to
make the dispersoids visible for microscopy, the surface of each sample block
was grinded with SiC paper up to P4000. After grinding, the blocks were
polished with ”fleece” plates. A diamond spray with particles of 3µm was
used for all the sample blocks. An alcohol containing lubricant was applied
during the polishing with the fleece plates. The blocks were then cleansed
in water and ethanol and finally air dried.
The surface of each aluminium block was subsequently electropolished
by a Struers LectroPol-5 for 60 seconds at a cooling temperature of -40◦C.
The residual settings used for the electropolishing was voltage of 20 V and
flow rate of 11. For aluminium the electrolyte A2 was used, this particular
electrolyte consisted of HClO4 mixed with 80% C2H5OH. The polishing
could be started when the cooling had reached about -25◦C. It should be
noted that if the surface of the blocks appear black after polishing, the
wrong type of electrolyte has most likely been used. After electropolishing
the samples were immediately rinsed in water and finally in ethanol. All the
blocks homogenized at zero hours except D2 had to be investigated in the
SEM since the contrast in the light microscope was too small to distinguish
the PFZs from the rest of the material.
The samples where the PFZs were too difficult determine by use of a light
microscope were not etched in the phosphorous acid since the dispersoids
would be etched away. The black spots observed by the light microscope
after etching was the etch-pits where dispersoids had been etched away. By
looking at these etch-pits it was possible to determine the PFZs.
A 10% phosphorous acid was used to etch the surfaces of the sample
blocks that were to be investigated by the light microscope. They were
placed with the polished surface downwards on cotton drenched in acid.
The phosphorous acid was very weak, so the samples were left inside for 1-2
hours depending on alloy type. The D2 alloy which had been homogenized at
450◦C for 12 and 24 hours had been etched enough after only one hour. This
was to be expected since more dispersoids would form at higher temperature
annealing. The C2 and D1 samples at the same homogenization conditions
shortly followed. C1 had to be left in the phosphorous acid for two hours
for all its conditions.
After etching and investigating the samples from the light microscope the
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Figure 19: Light microscopy image of D2, homogenized at 450◦ for 24
hours, before calculating the precipitation free zones by the program made
in Python.
resulting image was treated in Python in order to obtain the correct PFZ
values. The Python program was developed by Jesper Friis at SINTEF. In
short this program detected the constituent particles and the precipitation
free zones based on brightness and then calculated the area fraction. The
parameters for calculating had to be changed manually for each image. Ex-
ample images of alloy D2 homogenized at 450◦ for 24 hours are given in
Figures 19 and 20, where the images are given as before and after detecting
PFZs respectively.
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Figure 20: Light microscope image of D2, homogenized at 450◦ for 24 hours,
after the precipitation free zones have been detected by the Python program
and colored in yellow and blue.
3.5 TEM Sample Preparation
For each sample block from the four alloys, homogenized at both 375◦C and
450◦C for 0, 12 and 24 hours, slices of approximately 2mm in thickness were
cut. The samples were again grinded to get a smooth surface on both sides of
the slice. A Struers Accutom-50 saw was used for the cutting. The material
slices were placed on a plexiglass plate using double sided tape to fasten
it. The side fastened to the tape was of course the already polished side
of the aluminium alloy slice. Each sample was then grinded and polished
into foils with a sequence of P120, P500, P1200, P2400 and finally P4000
SiC grinding papers. The slices were measured frequently while still on the
glass block until they had a thickness of approximately 100µm. The next
step was removing the aluminium foil from the plexiglass block by cooling
it in liquid nitrogen. The plexiglass with the TEM foil still fastened was
placed in a ”thermo container”. After about 10 minutes in liquid nitrogen
one could easily remove the foil from the block without bending it by using
a sharp scalpel. In case the foil still had any traces of other material on the
surface, it was cleansed in acetone. That is, it was left in a small jar filled
with acetone for a couple of minutes. Finally a Gatan TEM stamping unit
was used to obtain small disks from the foil.
The disks stamped from the aluminium foil was electropolished using
a Struers TenuPol-5, an illustrative image is given in Figure 21. The flow
rate was kept on 38, voltage on 20 V and the flow mode was set on single
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Figure 21: Struers TenuPol-5 used for electropolishing TEM samples [42].
flow throughout the whole polishing sequence. The light stop value was set
between 200 and 300, depending on the state of the electrolyte. The elec-
trolyte has to be changed every three months, causing it to be less effective
towards the end of the three-month period. At this stage the light stop value
had to be increased to get the right size of holes in the TEM samples. The
electrolyte consisted of two parts methanol and one part nitric acid. Before
the polishing could begin the electrolyte had to be cooled to about -25◦C
with liquid nitrogen.
Each polishing sequence had a duration of 1-7 minutes, depending on
the thickness of the sample. A polishing time of 3-5 minutes seemed to give
the best results when looking at the samples in the transmission electron
microscope. If the samples were too thin, holes had been punched out
in several places during electropolishing and not thinned gradually. Such
samples could not be used for further investigations. If the samples were too
thick before electropolishing they would simply be too thick afterwards as
well, since the thin area around the hole was not large enough for statistics.
As soon as the pre set light act value was reached, the polishing stopped
and it was important to move the holder with the foil quickly from the
polishing unit and into a glass filled with methanol to avoid etching when
the sample was exposed to air. The sample was then rinsed in two parts
methanol and two parts of ethanol, each in a separate glass. All of the
samples were immediately checked in a light microscope after polishing to
make sure the settings chosen on the TenuPol-5 were reasonable. Each
sample was stored separately to avoid confusion.
For the microstructure investigations and statistics on volume fraction
of dispersoids, a Phillips CM30 TEM was used at 150kV. Bright field mode
was used throughout the investigations of dispersoid number density and
size. For the investigation of constituent and silicon phases in the material,
bright field and diffraction mode, with a selected area aperture for the latter,
was used. The TEM was equipped with a Gatan 601 model parallel electron
energy loss ((P)EELS) detector. The (P)EELS detector was used for all
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thickness measurements needed for volume fraction statistics based on TEM
micrographs.
3.6 Volume Fraction of Dispersoids
TEM micrographs were used to calculate the volume fraction of the disper-
soids. The thicknesses of each area corresponding to one of the micrographs
were measured by (P)EELS. Size and volume fraction were determined by
following the same procedure as described by Li et. al [5]. For each of the
samples, equivalent spherical diameters of 100 dispersoids were measured,
averaged and used in the calculations. It was necessary to correct for the
PFZs located in the vicinity of constituent particles and grain boundaries
[5]. A complete description of the estimated PFZs can be found in the
subsection concerning PFZs.
For calculations of the volume fraction it was necessary to establish some
relations and expressions to be used. The precipitated particles were as-
sumed to be parallelepipeds with length a, width b and height c. After
making this assumption the average projected area could be approximated
to be citation!
AA =
1
2(ab+ bc+ ac) (43)
In order to make the calculation of the average equivalent diameter a bit
more easy to handle, some new parameters were defined, which are both in
the range between 0 and 1.
k1 =
b
a
(44)
and
k2 =
c
a
(45)
Using k1 and k2 the average equivalent diameter DA is then expressed
by
DA
2 = 2a
2
pi
(k1 + k2 + k1k2) (46)
At this point it is necessary to introduce a shape factor K between the
average volume of the particles and the average projected area multiplied
by the average equivalent diameter.
K = V A
AADA
=
√
2pik1k2
(k1 + k2 + k1k2)
3
2
(47)
Finally it should be corrected for precipitation free zones in each alloy as
well as truncation by foil surfaces and neglecting of overlapping dispersoids
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in the TEM micrographs because of sufficiently thin foils. PFZs are found
in the vicinity of constituent primary particles and grain boundaries. The
final expression describing the volume fraction of dispersoids is given by
V V = AA
KADA
(KADA + t)
(1−APFZ) (48)
where the new variable APFZ is the area fraction of the precipitation
free zones.
3.7 Diffraction
Both for the aluminium matrix and the constituent particles there has been
done diffraction and identification of crystal structures. Some useful rela-
tions that were used in the results and discussion section are given below.
The real space distance between parallel inter atomic hkl planes were
found from the relation [9]
Rhkldhkl = λL (49)
where L is the camera constant, λ is the wavelength of the electrons, dhkl
is the real space distance between parallel inter atomic hkl planes and Rhkl
is the measured distance from negative or data. The lattice parameter was
then found from
a = dhkl
√
h2 + k2 + l2 (50)
3.8 Tensile Testing
Tensile tests were performed on all four alloys at the conditions 0- and 24
hours, homogenized at both 375◦C and 450◦C. For all the tensile specimens
the setting of 2 mmminute pull was used, which is the common setting used
for aluminium. All specimens were machined in the same way as shown
graphically in Figure 22. It should be noted that all the tensile specimens
were round, and the dimensions given in the figure are those taken through
the middle of the specimen.
The tensile tests were performed according to standard EN ISO 6892-
1:2009 at room temperature [44], all tests were carried out by the Instron
tensile test machine, model no. 1125. A simple illustration of the tensile
tester which was used is given in Figure 22.
The total yield stress will be the result of three different contributors,
the aluminium matrix, the dispersoids and the level of Mn in solid solution.
The total yield stress σtot can thus be expressed by
σtot = σAl + σD +K1∆σMn (51)
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Figure 22: Dimensions of the specimens used for the tensile tests presented
in the stress-strain curves in the ”Results and Discussion” section. All di-
mensions are given in mm. The dimensions are given as measured through
the middle of the specimen, since all tensile specimens used were round.
Figure 23: A simple illustration of the Instron tensile tester which was used
for tensile tests in this work.
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where σD is the contribution from the dispersoids, σMn is the contri-
bution from Mn in solid solution and K1 is an experimentally determined
constant.
It is possible to find the contribution to the total yield strength from Mn
in solid solution by [46]
K1∆σMn = 48.9(∆MnSS,at%)0.59
MPa
at% (52)
where ∆MnSS,at% is the change in at% of Mn level in solid solution.
The contribution to the yield strength from the dispersoids σD can be
calculated by the Ashby-Orowan equation, previously described in the the-
ory section.
3.9 NanoSight Particle Analyzer
In order to compare the average equivalent diameters found for the disper-
soids by TEM, a powder consisting of dispersoids and constituent particles
was extracted from the aluminium matrix of alloy C2 by dissolving the sam-
ple material in Buthanol. After the dissolution of the Aluminium matrix
a powder consisting of dispersoids and constituent particles was left over.
The sample block of C2 was homogenized for 24 hours at 450◦C. The NTA
2.0 Build 128 software was used for capturing and analyzing the data. A
detailed explanation of the dissolution method used to extract the disper-
soids and constituent particles from the aluminium matrix is given in [38]
and [39].
Roughly 4 mg of the powder was mixed in 5µl of isopropanol. Since
it was difficult to know the exact ratio between constituent particles and
dispersoids in the powder the measures of powder and isopropanol were very
rough. This was not considered a problem since a specific concentration was
not required and the NanoSight NTA software could handle a very large
range of concentrations. An illustration of the experimental setup is given
in Figure24.
Isopropanol, C3H8O, was chosen instead of water as a solvent in order to
keep the dispersoids suspended in the solution. The density of isopropanol
is [41]
ρ = 0.786 g
cm3
(53)
and the viscosity at 25◦C is [41]
η = 1.96cP (54)
where 1 cP = 1 mPas.
A fraction of the larger constituent particles have been assumed to sink to
the bottom of the sample chamber during the experiment. However, it was
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Figure 24: To the left: an image of the NanoSight sample chamber with the
laser beam turned on. To the right: an overview of the complete setup with
sample chamber, light microscope, a camera connected on top of the light
microscope and the computer.
not a goal to obtain measurements of constituent particles. The NanoSight
particle analyzer was calibrated by the use of a known concentration of latex
beads in water. The measurements of concentration and size of the latex
beads proved the NanoSight NTA software to be within an accuracy of 2nm
when used at recommended settings. The sizes of the latex beads were
100 nm and 200 nm in diameter in a 2:1 solution. There were not found
any other sizes of latex beads in the solution causing the two peaks in the
concentration/size plot to be very distinct.
After the powder was mixed with isopropanol, the sample had to be
diluted into the range of 106 to 109 number of particles per ml solution.
The liquid solution was then filtrated with a filter paper of 10µm spacing.
The sample was injected into the sample chamber with a sterile syringe. It is
important to notice that air bubbles must be avoided in the sample chamber
as they will reflect light and disturbing the measurements. Before starting,
the video capture manual shutter and gain adjustments were done in order
to get as much information from each frame as possible. A capture duration
of 160 seconds was used since large particles were expected to be present
in the solution. Larger particles will not move as easily as smaller particles
in the liquid leading to a longer capture time needed to get the required
accuracy of the tracking sequences. Four separate videos was taken of the
powder and the sequence was then processed by help of the NTA software
mentioned earlier in this section. Most of the settings were chosen so that
the number of particles detected in the first frame was in fact the right one.
The maximum blob size was however set to the maximum value, meaning
that the largest pixel area of a detected particle would be 3000 pixels. The
minimum particle size was chosen to be the smallest possible of 20 nm since
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the detection of dispersoids was desired.
3.10 SEM Investigation of the Extracted Powder
Powders extracted from the aluminium matrix of alloy C2 and D2, homog-
enized at 450◦C for both 0 and 24 hours holding time and D2 for 24 hours
was investigated by a Scanning Electron Microscope (SEM). The microscope
which was used for this work was a FESEM Zeiss ultra. The investigations
were done in order to confirm the size and morphology of the dispersoids
and constituent particles observed in the TEM. A carbon tape was carefully
placed on top of the SEM sample holder. About 5 mg powder was then
solved in 5 ml isopropanol and left in an ultrasound bath for a couple of
minutes to obtain a homogeneous mixture. A few drops of the alcohol con-
taining the powder was then put on top of the carbon tape. The alcohol
was further left to dry for about 10 minutes before the sample holder with
the carbon tape was placed into the vacuum chamber of the SEM.
For all the SEM images, high tension of 5 kV was used. The working
distance was typically in the range of 3 - 5 mm. The signal detected for the
acquisition of micrographs were the secondary electron signal, SE2.
4 Results and Discussion
This section presents the results that have been obtained in this thesis. A
detailed discussion is given for each approach.
4.1 Electrical Conductivity
The evolution of electrical conductivity for alloys C1 and D1 are presented
in Figure 25 and Figure 26 respectively. When observing the curves of C1,
it becomes apparent that the proportionality constant between electrical
conductivity and homogenization time is much larger in the beginning of
the homogenization treatment than at a later stage. It is clear that the ho-
mogenization has affected the conductivity since increasing homogenization
temperature gives a clear increase in electrical conductivity. The curves cor-
responding to 350◦C, 375◦C, 400◦C and 450◦C are clearly separated from
each other. This evidently means that the precipitation of dispersoids and
thus the decomposition of Mn from solid solution affects the electrical con-
ductivity. The maximum electrical conductivity of about 27 Ω−1m−1 for
C1 is for 450◦C homogenization after 24 hours. It seems like each curve
approaches its own plateau where it no longer is possible to increase the
electrical conductivity by holding the alloy at an elevated temperature.
The results for C1 are consistent with what was already expected con-
sidering the elemental composition. The electrical conductivity increases as
the amount of Mn and Si in solid solution decreases. Since C1 is the alloy
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with least Mn and Si of the four, it is clear that it should have one of the
highest electrical conductivity values due to the low amount of Si and in
particular Mn in solid solution. The precipitation will be relatively slow for
this alloy, not only because of the low Mn content, but also because of the
low amount of available Si. Si speeds up the precipitation of dispersoids, as
can be observed from the electrical conductivity measurements of D1.
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Figure 25: The electrical conductivity of alloy C1 as a function of time
(hours) at annealing temperatures of 350◦C, 375◦C, 400◦C and 450◦C.
The electrical conductivity curves of alloy D1 has the same trends as
C1. The curves are all clearly separated when looking at the measurements.
Other similar features between C1 and D1 are the increase in electrical
conductivity when the homogenization temperature is increased. D1 has its
maximum conductivity of about 28Ω−1m−1 for 450◦C after an annealing
time of 4 hours. This value is even higher than the maximum value for
C1. It is not surprising that D1 conducts better than C1 because it has an
increased Si level which enhances the precipitation of dispersoids. This in
turn means that the diffusion of Mn will speed up, leaving less Mn in solid
solution after 24 hours holding time. Consequently, with less Mn left in solid
solution the electrical conductivity is higher than for C1.
There is a small increase in conductivity after 4 hours holding time,
however, it looks as if the curve is approaching a constant y-axis value.
Overall, D1 has the highest conductivity of all four alloys investigated. D1
will probably be the only alloy for which about all of the Mn is used for
precipitation of dispersoids. The Si will speed up the diffusion of Mn into
the dispersoids causing the parent matrix to be almost depleted of Mn at a
homogenization temperature of 450◦C.
The electrical conductivity measurements of C2 are given in Figure 27.
The main trends can in this case be explained in the same way as for C1
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Figure 26: The electrical conductivity of D1 as a function of time (hours)
at annealing temperatures of 350◦C, 375◦C, 400◦C and 450◦C
and D1. It is interesting to notice that the maximum electrical conductivity
value at the highest homogenization temperature of 450◦C is relatively low
when comparing the four alloys to each other. C2 has the lowest electrical
conductivity measured for all four alloys. Since C2 has high amounts of Mn
but not of Si, this must mean that there is much Mn left in solid solution at
all homogenization conditions. The low Si level in this alloy makes the Mn
diffuse very slowly, leading to a relatively high amount of Mn left in solid
solution after homogenizing, when comparing this alloy to the other three.
This confirms that the electrical conductivity is affected by the change in Mn
level in solid solution and not so much by Si. The tendency of the curves
approaching separate plateaus is visible for C2, and thus more visible for
high temperatures and increasing holding times.
Figure 28 presents the electrical conductivity measurements of D2. The
curve for the homogenization treatment at 450◦C stands out from the others
by showing a definite plateau from 8 to 24 hours holding time. This is the
only curve which one can say has reached its maximum value of electrical
conductivity when interpreting the measurements. This indicates that the
amount of Mn in solid solution must be approximately constant from 8 to
24 hours homogenization. A constant Mn content in solid solution is in
agreement with the theory of coarsening, where it has been established that
Mn will stop diffusing from the parent matrix and into the dispersoids at a
certain point.
The electrical conductivity increases with annealing temperature and
increasing annealing time. This is due to continuous decomposing of the
supersaturated solid solution. The electrical conductivity results are con-
sistent with the volume fraction results of dispersoids. By comparing the
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Figure 27: The electrical conductivity of C2 as a function of time (hours) at
annealing temperatures of 350◦C in red, 375◦C in blue, 400◦C in black and
450◦C in green. The electrical conductivity measurements for alloy C2 was
performed by a SINTEF technician.
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Figure 28: The electrical conductivity of D2 as a function of time (hours) at
annealing temperatures of 350◦C in red, 375◦C in blue, 400◦C in black and
450◦C in green. The electrical conductivity measurements for alloy D2 was
performed by a SINTEF technician.
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electrical conductivity curves of C1 and D1 at different temperatures, it can
be seen that the electrical conductivity increases faster in alloy D1 than C1,
confirming that Si has the influence of enhancing the precipitation of disper-
soids and therefore increases the dispersion hardening effect by precipitating
more dispersoids.
The measured volume fraction of dispersoids was compared to the the-
oretically calculated volume fraction which was found from the electrical
conductivity Equations in the theory section. The electrical conductivity at
time zero was found by measuring the electrical conductivity of the as-cast
alloys where no dispersoids had precipitated yet.
In order to find the theoretical volume fraction of dispersoids, the value
of ∆(Fe + Mn) was found for each alloy by using the electrical conductivity
of the as cast alloy and after 24 hours holding time. Since ∆(Fe + Mn) gives
the weight percentage of the amount of Iron and Manganese that has left the
solid solution, it was necessary to find this amount in atomic percentage. It
has been assumed in the calculations that the dispersoids all are the simple
cubic α phase where 24 out of 138 atoms are Fe or Mn. This in turn means
that we will have 5.75 unit cells of dispersoids for each Mn or Fe atom that
has diffused from the solid solution and into the dispersoids. The unit cell
vector of the face centered cubic aluminium is known to be of length 4.05A˚,
while the unit cell vector of the simple cubic α phase is 12.68A˚. The unit
cell lengths were used to calculate the volume fraction of dispersoids. The
results from the theoretical calculations are presented in Table 3.
Table 3: Calculated volume fraction of dispersoids where the first column
presents the alloy and homogenization temperature. VTf and VMf are the
theoretically calculated volume fraction and measured volume fraction, re-
spectively.
Alloy and Temperature σ0 σT VTf VMf
C1 375◦C 24.02 25.76 0.27 0.37
C1 450◦C 24.02 27.18 0.46 0.50
D1 375◦C 24.87 27.22 0.7 0.48
D1 450◦C 24.87 28.58 0.87 0.92
C2 375◦C 18.83 24.72 1.07 0.61
C2 450◦C 18.83 27.60 1.65 0.98
D2 375◦C 18.83 21.72 1.63 0.56
D2 450◦C 18.83 25.00 2.03 2.33
The amounts of Fe and Mn that have left the solid solution have been
assumed only to diffuse into the dispersoids and nothing else. It is however
possible that a fraction of the Fe and Mn has diffused into the constituent
particles leading to the assumption being somewhat faulty. It is evident from
Table 3 that the assumptions made before calculating are not consistent for
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all homogenization conditions. When the amount of silicon in solid solution
is low, it will not contribute much to the electrical conductivity compared
to the Mn and Fe content and it seems reasonable to neglect the effect from
Si. For the high silicon content, which is the case in alloy D1 and D2, it
could however cause a slight deviation. Considering Equation 34 it is clear
that both Mn and Fe will affect the reciprocal of the electrical conductivity
roughly five times more than the Si content. That is, adding Si to the alloy
will decrease the electrical conductivity which is consistent with what can
be seen for D1. Adding Mn to the aluminium alloy will however decrease
the conductivity more significantly than Si, something that also has been
confirmed by the measurements made on C2. D2 has the lowest electrical
conductivity of the four alloys, which again was expected since both Mn and
Si inhibits this property.
The trends are representative for the behavior of electrical conductivity
as a function of annealing time and Fe, Mn and Si content.
4.2 Hardness Measurements
The evolution of hardness for alloy C1 is presented in Figure 29 as a func-
tion of annealing temperature. The hardness of this particular alloy is the
lowest of all four and remains the lowest for all holding times and annealing
temperatures. As expected, there is a steady increase in hardness for zero
hours holding time as the temperature is increased. This effect must be due
to more dispersoids precipitating with increasing temperatures. Considering
the condition at 24 hours holding time, there is a clear increase in hardness
until one reaches 375◦C. At this temperature the hardness again starts to
decrease with. This decrease in hardness is likely to be due to the coarsen-
ing of dispersoids when comparing to results from TEM micrographs and
tensile testing. With less dispersoids present in the material, the hardness
will decrease, as is the case for the yield strength presented later in this
section. If the hardness was dominated by solid solution hardening only,
there should be a decrease in hardness due to the decreasing content of Mn
in solid solution. This is however not the case and the increased hardness
must be the result of the precipitation of dispersoids. It is also clear that
the precipitation of dispersoids must affect the hardness more significantly
than the amount of Mn leaving solid solution.
The hardness curves of alloy C2 are presented in Figure 30. C2 has low
Si content combined with an increased Mn content. Again by comparing
the hardness of C2 with that of C1 it is evident that the increased addition
of Mn in the alloy has resulted in an increase in Vickers hardness.
Figure 31 shows the resulting hardness curves measured for alloy D1. By
comparing the hardness curves of D1 to those of C1 in Figure 29 there is a
clear increase in hardness due to the addition of Si to the alloy. The level
of Mn remains low, resulting in less Mn being available for the precipitation
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Figure 29: Vickers hardness for alloy C1 at varying time and constant tem-
peratures [31].
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Figure 30: Vickers hardness for alloy C2 at varying time and constant tem-
peratures [31].
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Figure 31: Vickers hardness for alloy D1 at varying time and constant tem-
peratures [31].
of dispersoids. This results in D1 having hardness curves typically between
C1 and C2. The low Mn content will lead to less precipitation of dispersoids
compared to C2. This again supports the theory of dispersoids having a
pronounced hardening effect in aluminium alloys.
Finally, Figure32 presents the measured hardness of the fourth alloy, D2.
Both the Si and Mn contents are high for this particular alloy. D2, homoge-
nized at 450◦C for 0 hours, clearly stood out as the hardest alloy from these
measurements. This result contributes to the trend that more Si will make
more Mn available for the precipitation of dispersoids. Also adding even
more Mn makes D2 the alloy with the most Mn available for precipitation.
These statements are also supported by the TEM micrographs and calcu-
lated volume fraction of dispersoids in the four respective alloys, where D2
clearly has the highest volume fractions of the four. If the precipitation of
dispersoids in itself is what one wants to achieve, D2 is the favorable alloy
option.
Because of some scatter in the experimental HV results from the air
furnace homogenization the homogenization was done again in saltbaths for
375◦C and 450◦C to make sure the trends were correct. The results from
the salt bath homogenization are given in Figures 33 and 34 respectively.
The hardness curves of alloy C1 and D2 are, for comparison, given in the
same Figure, as is the case for C2 and D2.
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Figure 32: Vickers hardness for alloy D2 at varying time and constant
temperatures[31].
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Figure 33: Alloy C1 and D1 HV evolution when homogenizing in salt bath.
C1 and D1 are given in the same Figure for comparison of high and low Si
content and how the difference affects HV.
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Figure 34: The evolution of HV as a function of homogenization time for
C2 and D2 from the salt bath homogenization treatment. C2 and D2 are
placed in the same Figure for comparison of high and low Mn content and
how the difference affects HV.
All HV curves for the four alloys homogenized at 375◦C are given in
Figure 35. For 450◦C the different HV curves can be found in Figure 36.
It is clear when comparing, that the HV measurements from the salt bath
homogenization show the same trends as for the air furnace homogenization.
It is evident from the HV measurements that dispersoids have a pro-
nounced hardening effect on Al-Mn-Fe-Si alloys. Particularly the alloys
containing high amounts of Mn and Si during annealing at temperatures
lower than 400◦C respond to homogenization. During annealing at 450◦C,
the hardness of the alloys first increases with time and then decreases with
longer annealing times. After 24 hours annealing at 450◦C, the hardness of
the alloys is quite low. This decrease of hardness is mainly because of the
coarsening of dispersoids, which reduces the hardening effect as the number
density decreases and the equivalent diameter grows. It is clear for all alloys
that the hardening effects must be due to the precipitation and coarsen-
ing of dispersoids, since the amount of Mn in solid solution is continuously
decreasing.
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Figure 35: C1, C2, D1 and D2 for homogenization at 375◦C in salt bath.
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Figure 36: C1, C2, D1 and D2 for homogenization at 450◦C in salt bath.
68
4.3 Measuring the Precipitation Free Zones
As can be seen in Figure , alloy C1 homogenized at 375◦C for 0 hours has
no detectable PFZs except for the area covered by the constituent particles.
This is due to C1 having low levels of Si and Mn, leading to less precipitation
and a relatively slow growth of dispersoids.
The precipitation free zones at two different conditions for D1 is shown
in Figure 38 and Figure 39. By inspection of the two figures there are certain
areas which appear smooth. These smooth areas are mostly located close to
the constituent particles which appear as darker shapes forming across each
image.
Two SEM images visualizing precipitation free zones are shown in Figure
40 and Figure 41. The precipitation free zones are not visible for alloy
C2 when looking at the overview picture in Figure 40. However higher
magnification SEM image shows that the dispersoids have been precipitating
as close as 100-200 nm away from the constituent particles. Because of this,
it was reasonable to assume the PFZ’s to extend a few pixels out from the
constituent particles in each SEM image. The Python program detected the
constituent particles and added a few pixels on the outside of these for each
condition investigated by SEM.
The residual light microscope and SEM images for the precipitation free
zones which are not presented in this section can be found in Appendix A.
It is evident from the images and calculations that the PFZs increase
with increasing holding times. For the homogenization at 375◦C, all alloys
except D2 show the same behavior. The PFZs start out small and then grow
with increasing holding time. For D2 it is approximately constant for all the
three measurements made at 0, 12 and 24 hours. Also, the same behavior
can be seen for homogenizing C2 and D1 at 450◦C, where the PFZs increase,
but seem to stagnate between 12 and 24 hours holding time. C1 however,
still has an increasing PFZ from 12 to 24 hours.
D2 again stands out from the rest when comparing the alloys. D2 already
has a large PFZ area fraction at 0 hours and this does not change as it
is homogenized up to 12 hours holding time. At 24 hours the PFZ area
fraction has decreased a little, this decrease is probably in the range of the
expected error since there is no reason why precipitation should start within
the already depleted zones.
When much Mn and Si is available for precipitation, the constituent
particles may serve as nucleation sites for dispersoids. It is however more
likely that the constituent particles themselves will grow as they consume
Mn from the solid solution. Thus the precipitation free zones will increase
due to larger constituent particles and because the constituent particles
themselves have removed Mn from the adjacent matrix, leaving nothing for
the precipitation of dispersoids in this area.
It should be noted that the constituent particles can act as a sink for
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Figure 37: Optical microscopy image of C1, homogenized at 375◦C for 0
hours holding time. There are no detectable PFZs in this image. The
resulting volume fraction of PFZs at this condition will be due to the volume
fraction of constituent particles.
Figure 38: Optical microscopy image of alloy D1, homogenized at 375◦C
for 12 hours. The image has been used to determine the precipitation free
zones at this particular condition. The red dotted lines indicate two of the
constituent particles, while the blue dotted line indicate two of the PFZ
areas.
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Figure 39: Optical microscopy image of alloy D1, homogenized at 375◦C for
24 hours. The image has been used to determine the precipitation free zones
at this condition. The red lines indicate some of the constituent particles,
the blue lines indicate some of the PFZs at this condition. The image shows
PFZs in the vicinity of constituent particles.
Figure 40: SEM micrograph of C2, homogenized at 375◦C for 12 hours. The
precipitation free zones are not visible in this image.
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Figure 41: SEM micrograph of C2, homogenized at 375◦ for 12 hours. Three
dispersoids in the vicinity of the constituent particle are marked with rings,
indicating the extent of the PFZ. The PFZ between the constituent particle
and dispersoids is very small for this condition.
vacancies, similar to the behavior of grain boundaries. This leads to less
vacancies in the vicinity of constituent particles leaving few nucleation sites
left for precipitation. So even if the area around the constituent particles
has enough solute for precipitation, the lack of vacancies will inhibit the
process.
4.4 Morphology of Dispersoids
The morphology and size evolution of dispersoids will be presented by TEM
micrographs and frequency plots to visualize how they change with different
annealing times and temperatures.
Two features that was observed frequently for the alloys were the cube-
like shape of dispersoids at low annealing temperatures and the seemingly
preferred precipitation at dislocations. These two features are visualized in
Figure 42.
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Figure 42: The image to the left shows D1, homogenized at 375◦C for 24
hours. The dispersoids show a preferred orientation and cubic shapes at
this condition. D1, homogenized at 450◦C for 0 hours is presented in the
image to the right. The dispersoids have precipitated along a dislocation
line in the material. Also at this condition the dispersoids have a preferred
orientation and most dispersoids are shaped as cubes.
The morphology evolution of dispersoids precipitated in alloy C1 after
annealing at 375◦C for different holding times is presented in Figure 43.
The frequency plot corresponding to the TEM micrographs of C1 ho-
mogenized at 375◦C is given in Figure 44. This frequency plot makes it
clear that there is a high frequency of dispersoids smaller than 20 nm for
0 hours holding time. All dispersoids which have been found from in the
TEM micrographs at this condition were smaller than 40 nm. Since there
is so little spread in sizes from the measurements, coarsening of dispersoids
has not started yet. It is also likely that the dispersoids found at this stage
all started precipitating at approximately the same time, since they are so
similar in size and shape.
For 12 hours holding time of C1 at 375◦C the frequency peaks are smaller
than for 0 hours and more spread out along the horizontal axis. The sizes
at this condition lies within a 20-60nm range with little or no occurrence
below or above these values. After homogenizing for 24 hours, the same
trend continues where the curve looks similar to that of 12 hours, only
with smaller peaks and a bit shifted towards larger particle sizes. This
is consistent with what one expect because of growth and coarsening of
dispersoids. The number density decreases steadily, particularly for small
dispersoids.
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Figure 43: TEM micrographs presenting the evolution of size and distribu-
tion of dispersoids in C1 at 375◦C for 0, 12 and 24 hours, respectively, from
the left.
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Figure 44: The frequency of occurrence for the different sized dispersoids in
C1, homogenized at 375◦C. This plot corresponds to the TEM micrographs
presented in Figure 43.
Three TEMmicrographs of D2 homogenized at 450◦C are given in Figure
45 at 0, 12 and 24 hours holding time.
The size evolution of dispersoids in C1 at a homogenization temperature
of 450◦C is given in Figure 46. For 0 hours holding time the highest frequency
of sizes is clearly at about 25 nm. After holding the material for 12 hours, the
peak has shifted to approximately 40 nm. The number density of dispersoids
has decreased after a holding time of 24 hours, a feature that is visible in
the frequency plot. The frequency has clearly decreased and the size peaks
are found around 50- and 100 nm at this stage.
Frequency plots of D1 for 375◦C and 450◦C are given in Figures 47 and
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Figure 45: TEM micrographs presenting the evolution of size and distri-
bution of dispersoids in D2, homogenized at 45◦C for 0, 12 and 24 hours
respectively from the left. The TEM micrographs were taken by Astrid
Marie F. Muggerud.
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Figure 46: The frequency of occurrence of different sized dispersoids for C1,
homogenized at 450◦C found from TEM micrographs.
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Figure 47: The frequency of occurrence of different sized dispersoids for D1,
homogenized at 375◦C found from TEM micrographs.
48 respectively. The first interesting change in these plots from those of C1
is the significant increase of the frequency peaks. Particularly the 0 hour
holding times have significant peaks of dispersoids around 20 nm for both
temperatures.
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Figure 48: The frequency of occurrence of different sized dispersoids for D1,
homogenized at 450◦C found from TEM micrographs.
4.5 Volume Fraction of Dispersoids
The resulting calculations of volume fractions, number densities, equivalent
diameters and PFZ’s are presented in Figure 49 for all homogenization con-
ditions. From the results presented in Figure 49 it is clear that the volume
fraction and precipitation free zones are highly dependent upon alloy type
and homogenization treatment.
It is apparent that the volume fraction of dispersoids increases with
increasing Si content (C1 vs D1 and C2 vs D2), and increasing of Mn content
in the alloy ( C1 vs C2 and D1vs D2). The volume fraction also increases
with increasing annealing time. With the highest Mn and Si contents, alloy
D2 has the highest volume fraction of dispersoids when homogenized at
450◦C for 24 hours.
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The three conditions at 0, 12 and 24 hours holding time for 375◦C are
presented in Table 49 in the first three rows. The calculated volume fraction
at 0 hours is quite small compared to the other three alloys. For the 12 and
24 hours holding time the volume fraction still increases as expected. The
evolution of volume fraction for all four alloys is presented in Figure 50. The
PFZs are calculated based on the area fraction of constituent particles from
light microscopy images, as they are small compared to the other alloys.
The number density increases for increasing annealing times at 375◦C. This
suggests that coarsening of the dispersoids has not yet started for 0 and
12 hours holding times. The PFZs have been established to increase with
increasing holding time even though they are very small and almost only
due to the constituent particle area. The reason for this increase in PFZ
could be because the constituent particles will consume Mn after some time
and therefore grow.
The equivalent diameter increases throughout the homogenization treat-
ment at the 375◦C condition due to growth and probably coarsening. The
number density of dispersoids is approximately the same for 24 hours hold-
ing time as for 12 hours which suggests that coarsening of dispersoids must
have started before 24 hours. Since C1 has the lowest content of Mn and Si
of the four alloy types it is clear that the precipitation of dispersoids is lim-
ited by the amount of available Mn. It is possible that the precipitation of
dispersoids could have stagnated at 24 hours holding time or earlier because
there was no more Mn available in the matrix. Assuming this could be the
case, the volume fraction of dispersoids could at this stage have reached its
equilibrium value.
The next condition, also shown in Table 49, is again C1, now homoge-
nized at 450◦C. The high temperature makes the Mn diffuse faster to the
constituent particles and dispersoids than for 375◦C.
The PFZs are increasing until 24 hours holding time has been reached.
This suggests that the constituent particles also draw more Mn from the
matrix at a higher temperature homogenization. The number density does
however decrease from 0 to 12 hours holding time as well as for 12 to 24
hours. This implies that the coarsening must have started as early as some
time between 0 and 12 hours holding time. The average equivalent diameter
increases for all three holding times as expected. The surprising feature is
however the drop in volume fraction of dispersoids from 12 to 24 hours. The
volume fraction should stay constant when the equilibrium value has been
reached. Because the dissolution of dispersoids does not start until higher
temperature homogenization, there must be a different explanation to this
behavior. It is possible that the constituent particles will grow on expense of
the dispersoids, or the decrease could simply be due to the internal variations
of dispersoid number density and size in the alloy.
Alloy C2, homogenized at 375◦C has an increased Mn content compared
to C1. This increase leads to more Mn being available for precipitation in the
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Alloy Temperature 
and holding 
time 
Number 
density (#/m
3
) 
Average 
equivalent 
diameter 
(nm) 
Precipitat
ion free 
zone 
Volume 
fraction (%) 
 
Shape 
factor 
C1 375°C, 0 hour 1.4 0.7  1020 20.0 0.6 0.06 0.04 0.48 
C1 375°C, 12 hour 2.0 0.3  1020 37.0 1.3 0.08 0.32 0.48 
C1 375°C, 24 hour 2.2 0.3  1020 37.5 1.2 0.12 0.37 0.48 
C1 450°C, 0 hour 1.9 0.3  1020 30.5 1.1 0.07 0.17 0.48 
C1 450°C, 12 hour 0.8 0.05  1020 59.5 4.4 0.08 0.76 0.48 
C1 450°C, 24 hour 0.4 0.04  1020 69.4 3.5 0.12 0.50 0.48 
C2 375°C, 0 hour 2.0 0.3  1020 16.5 0.6 0.11 0.03 0.48 
C2 375°C, 12 hour 2.9 0.5  1020 35.6 1.5 0.10 0.42 0.48 
C2 375°C, 24 hour 1.7 0.9  1020 48.1 1.5 0.20 0.61 0.48 
C2 450°C, 0 hour 2.0 0.3  1020 43.5 1.5 0.10 0.48 0.48 
C2 450°C, 12 hour 1,4 0.1  1020 52.2 2.6 0.18 0.68 0.47 
C2 450°C, 24 hour 0.8 0.1  1020 72.7 3.8 0.20 0.98 0.46 
D1 375°C, 0 hour 5.2 1.1  1020 15.4 0.5 0.11 0.06 0.48 
D1 375°C, 12 hour 3.5 0.6  1020 32.2 1.2 0.20 0.31 0.48 
D1 375°C, 24 hour 3.9 1.0  1020 33.4 1.4 0.20 0.34 0.48 
D1 450°C, 0 hour 6.7 0.8  1020 21.8 1.0 0.06 0.31 0.48 
D1 450°C, 12 hour 1.1 0.06  1020 58.8 3.4 0.20 0.79 0.48 
D1 450°C, 24 hour 0.9 0.4  1020 75.8 3.8 0.18 0.92 0.48 
D2 375°C, 0 hour 6.9 1.0  1020 15.0 0.5 0.25 0.08 0.48 
D2 375°C, 12 hour 4.0 0.9  1020 38.0 1.2 0.22 0.61 0.48 
D2 375°C, 24 hour 1.6  0.4  1020 45.6   1.6 0.22 0.56 0.47 
D2 450°C, 0 hour 4.8 1.0  1020 44.2  1.5 0.20 1.05 0.39 
D2 450°C, 12 hour 1.6 0.5  1020 71.8 4.2 0.19 1.89 0.37 
D2 450°C, 24 hour 2.2 0.2  1020 87.2  3.5 0.19 2.73 0.39 
 
Figure 49: Number density, average equivalent diameter, precipitation free
zone, volume fraction and shape factor is presented from column 3 to 5
respectively for all alloys at homogenization temperatures of 375◦C and
450◦C for 0, 12 and 24 hours holding times. The values presented in the
table for alloy C2 and D2 were calculated by Astrid Marie F. Muggerud.
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Figure 50: The evolution of volume fractions for each alloy as an alternative
presentation to the listed values in Figure 49.
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Figure 51: The evolution of average equivalent diameters with holding times
at 375◦C and 450◦C. These are the same values presented in Figure 49.
80
matrix and one should thus expect more dispersoids to form. The number
density increases until 12 hours has been reached, then decreases again.
This must mean that the number density peak must have been somewhere
around 12 hours and then coarsening started. As expected the particle
diameter increases steadily with holding time.
The PFZs are approximately constant for both 0 and 12 hours holding
time, but then doubles in size for 24 hours. Possibly a low density of va-
cancies favours the coarsening of larger dispersoids further away from the
constituent particles. The constituent particles themselves are also likely to
consume Mn with time during the homogenization. The volume fraction of
C2 increases until 12 hours has been reached and then decreases with hold-
ing time again. The decrease is however very small, which makes it likely
that it is due to internal variation of dispersoid number density in the alloy.
C2 homogenized at 450◦C is also presented in Table 49. At this ho-
mogenization temperature the number density decreases from 0 to 24 hours
homogenization. This behavior suggests that coarsening must have started
at some point after 0 hours. The mean particle diameter increases for all
three measurements.
The PFZs increase for all three holding times for C2 at 450◦C, although
there is not much deviation between the area fractions at 12 and 24 hours
homogenization. The Mn content around the constituent particles thus gets
depleted as the holding time is increased. Since the change of PFZ volume
fraction is quite small from 12 to 24 hours homogenization treatment at this
high temperature, it is likely that the precipitation process has stagnated
between 12 and 24 hours. However, the volume fraction increases for all
holding times, indicating that the precipitation of dispersoids has not yet
stopped even though coarsening must have started.
Alloy D1 has low Mn content and increased Si content. Si will enhance
the precipitation of dispersoids, however the Mn content is limited. The
measured number densities for 375◦C homogenization treatment is showing a
certain degree of unexpected behavior. The number density is very high at 0
hours, decreases until 12 hours has been reached and then increases again for
the 24 hours measurement. These features are difficult to explain from the
theory, so they could possibly be due to erroneous measurements. The same
unexpected behavior has been found for the average equivalent diameter of
the dispersoids as the size goes up from 0 to 12 hours holding time and
then down again from 12 to 24 hours. It does however look like there are
certain areas inside a dendrite with higher number densities of dispersoids
than elsewhere for D1. At a relatively short distance away from the edge of
the dendrite arm there is a high frequency occurrence of dispersoids. The
number density decreases significantly when moving closer to the centre of
the dendrite or moving towards the edge. By further investigations of the
TEM micrographs and investigation of the sample several times, it is clear
that the statistics done for the 24 hour sample have been performed at one
81
Figure 52: D1 homogenized at 375◦C for 24 hours. TEM micrograph vi-
sualizing one of the areas where the number density of dispersoids go from
the distribution found elsewhere in the grain to a very dense distribution
consisting of small dispersoids. The distribution change is clear as the num-
ber density increases significantly from the top to the bottom of the TEM
micrograph, whereas the dispersoids size decreases.
of these high number density areas. Such behavior has not been observed
for any of the other alloy types investigated in this work, suggesting that
it is more probable to occur for low Mn and high Si content alloys. The
number density change of dispersoids is shown in Figure 52.
The PFZs increase from 0 to 12 hours and then stays approximately
constant with holding time. If one does not consider the measurements
of number density and particle size, this could be due to the precipitation
process stagnating, leaving PFZ free areas around the constituent particles
constant. The volume fraction increases for all three conditions at 375◦C,
meaning that a limited amount of new dispersoids should be precipitating
at later annealing times.
The higher temperature annealing at 450◦C for alloy D1 is also presented
in Table 49. At this homogenization temperature the number density al-
ready decreases significantly from 0 to 12 hours holding time. There is an
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additional decrease as the alloy is held at the same temperature from 12 to
24 hours. The particle diameter increases steadily in this case, not revealing
any surprising behavior.
The PFZs increase from 0 to 12 hours holding time, but then decrease
again. This small decrease is possibly due to deviations between the areas
that were measured and not to an actual decrease in PFZs. It seems reason-
able that the PFZs are approximately the same for 12 and 24 hours holding
times. Looking at the calculated volume fractions of dispersoids it is clear
that they are increasing for increasing holding times. Since the decrease in
number density is so significant, coarsening must have started. At the same
time, the increase in volume fraction must mean that the dispersoids are still
consuming Mn from the matrix. These results are a little ambiguous since
the larger dispersoids should only consume Mn on the expense of smaller
dispersoids after coarsening starts. It is possible that the increased Si con-
tent will affect this behavior, making it possible for the Mn in the matrix to
diffuse into the large dispersoids even after coarsening has started.
Finally alloy D2 with high Mn and Si levels is discussed. Starting with
the homogenization at 375◦C it is clear that the number density decreases
steadily all the time from 0 to 24 hours holding time. The average equivalent
diameter on the other hand increases steadily for all the three calculations.
Because of this decrease of number density, coarsening must have started
some time after 0 hours holding time.
The precipitation free zones stay approximately constant for the three
measured holding times of D2. The small decrease in the measured PFZs
from 12 to 24 hours holding time could be due to the particles having plate-
and rod like shapes when homogenized for a long time, and thus growing
into the originally precipitation free zones. By looking at the images from
which the PFZs were found it is however interesting to see that it actu-
ally looks like precipitation have started inside of the former PFZs. When
observing the volume fraction it is apparent that it increases from 0 to 12
hours holding time and then decreases again in the time span between 12
and 24 hours. The dissolution of dispersoids is not supposed to start until
higher homogenization temperatures, meaning that the decrease in volume
fraction must be due to some other mechanism. There is however no evi-
dence that dissolution could not have started for this particular alloy at the
given conditions. This would explain the sudden drop in volume fraction
that otherwise would be difficult to connect to anything else than erroneous
measurements.
The decrease in volume fraction of dispersoids is significant from 12 to 24
hours holding time. It is not likely that this decrease is only due to erroneous
measurements and statistics. It is possible that the constituent particles
start to consume Mn from the smaller dispersoids leading to a smaller volume
fraction after 24 hours annealing. Since D2 has high Mn and Si content there
is a lot of Mn available for precipitation and the Si will in addition speed
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Figure 53: The evolution of number densities with holding times for 375◦C
and 450◦C, as listed in Figure 49.
up the process. The precipitation of dispersoids should therefore be quick
when also taking into account the relatively high temperature of 450◦C.
The highest temperature homogenization of D2 at 450◦C shows the exact
same trends as D2 at 375◦C. The differences are the high volume fractions
at the three measurements made at 0, 12 and 24 hours, which are clearly
the highest volume fractions obtained in this work.
4.6 Diffraction
The fcc diffraction pattern along the [100] zone axis of Al is given in Figure
54. It is possible to calibrate the camera length from an already known
crystal lattice.
In alloy D1 at 375◦C homogenization temperature, 0 hours holding time,
there was also discovered some large particles shaped as rods or large cubes.
These particles looked very different from the dispersoids and constituent
particles at this condition, leading to the assumption that they could not be
the dispersoid alpha phase. One of the large particles with corresponding
diffraction pattern is given in Figure 55. From the diffraction pattern it was
found that the phase was a Silicon diamond cubic phase. By calculating
the camera constant and the corresponding hkl spacing for each spot it was
revealed that double diffraction must be present in the diffraction pattern.
Because Si has a diamond cubic crystal structure the (110) reflections should
be extinct, there is however much double diffraction occurring in Si, so the
most probable answer is that these spots are visible in the pattern after all.
As can be seen from Figure 55, the (110) reflections have less intensity than
the (220) spots indexed in red writing. This result was consistent with the
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Figure 54: Diffraction image of the [100] zone axis in aluminium. Addi-
tional reflections from the dispersoids are present between the aluminium
reflections, two of these are marked with red circles.
85
Figure 55: TEM image of a large particle present in alloy D1, homogenized
at 375◦C for 0 hours. The corresponding diffraction pattern is given in the
image to the right. The bright field image to the left indicates the area from
which the diffraction pattern originates by a red circle illustrating the size
of the selected area aperture. (110) reflections are present as less intense
reflections between the (220) reflections. The (220) reflections have been
indexed in red writing.
known lattice parameter of Si. None of the other phases that were expected
in the sample had a lattice parameter close to the one calculated from the
diffraction pattern.
The lattice constant of Si is 5.43A˚. The lattice constant found after
indexing the diffraction pattern was 5.3 A˚, which is within the accuracy
to be expected because of the uncertainty from the camera constant and
calibration.
The crystal structure of the constituent particles was investigated by
diffraction. An image of a constituent particle of alloy D1 homogenized
at 375◦C for 0 hours is given to the left in Figure 56. By indexing the
corresponding diffraction pattern and calculating the lattice parameters, the
phase was identified as the Al6(Mn, Fe) phase with lattice parameters a =
6.477 0.009A˚, b = 7.490 0.011A˚, c = 8.802 0.012A˚. By comparing the lattice
parameters of the identified phase to those of the pure Al6(Fe) phase with
lattice parameters of a = 6.4978A˚, b = 7.5518A˚, c = 8.8703A˚, it can be seen
that the constituent particles must contain both Mn and Fe. The lattice
parameters found for the Al6(Mn, Fe) constituent phase were determined
by Astrid Marie F. Muggerud by x-ray powder analysis. See Appendix E
for more information about these results.
86
Figure 56: The bright field image to the left shows the constituent particle
in D1 at 375◦C, 0 hours homogenization. The red circle indicates where
the selected area aperture was inserted. The image to the right shows the
diffraction pattern from the selected area of the constituent particle. The
pattern identified the particle to be the constituent orthorhombic Al6(Mn,
Fe) phase. The diffraction pattern is seen from the [001] zone axis.
4.7 Tensile Strength
When applying enough stress to the tensile specimens, the dislocation move-
ment will cause atomic bonds to break, causing deformation. When the
dislocations start to move, they will enhance atoms to slip past each other
in the crystal planes at lower stress levels than earlier. In the more densely
packed planes of atoms the energy needed to move a dislocation is lower than
elsewhere, resulting in preferred directions of travel for the dislocations. As
mentioned in the theory section, because of these preferred directions of
travel along parallel planes slips will occur in the specimens.
The stress-strain curves for the first homogenization temperature at
375◦C, 0 hours holding time, is given in Figure 57 for all four alloys. By in-
specting the figure it is evident that alloy C1 has the lowest tensile strength
throughout the test. At these conditions, C1 is also by far the most ductile
alloy. Comparing to the volume fraction of dispersoids found in this alloy it
seems that low strength in the stress-strain diagram reflects low volume frac-
tions. This means that fewer dispersoids will make dislocations move more
easily. In addition, the dispersoids themselves will slow down the movement
of the matrix itself. Because of this, the alloy should be quite ductile, which
again is exactly what can be observed from the tensile tests at this condition.
D1 is the alloy following C1 in yield strength, it is however not very duc-
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Figure 57: The tensile tests presented for all four alloys, homogenized at
375◦C for 0 hours. Each alloy has both parallel tests presented in the Figure.
tile compared to C1. The next alloy, C2, is stronger with a higher ultimate
strength. But instead of a decrease in ductility when the strength increases,
the ductility also increases when comparing to ally D1. Considering this
result, increasing the amount of Mn instead of Si, gives the alloy enhanced
mechanical properties. Making C2 both more ductile and stronger than the
previous two alloys.
D2, with high amounts of both Si and Mn, is the alloy with the highest
yield stress from the four. Simultaneously, the ductility of D2 is the lowest.
At this stage of the homogenization, D2 has the highest volume fraction of
dispersoids. The high density of dispersoids has a pronounced hardening
effect on the alloy, but also causes it to break at an earlier stage of defor-
mation because of increasing brittleness. None of the alloys have a very
pronounced yield point and they all cross over from the elastic to the plastic
region very early compared to other metals like steel. Thus, the alloys do
not have to be subject to a lot of stress before the displaced atoms no longer
can go back to their original sites.
Figure 58 shows the four alloys, again with two parallel measurements
each, at 375◦C annealing temperature for 24 hours. C1 is still the alloy of
lowest yield strength and highest ductility. As a matter of fact, all alloys
follow each other in increasing tensile strength in the same order as for 0
hours holding time. Alloy C2 and D2 both have a slight decline in stress
as the strain reaches 0.15 - 0.20 which is not present in the same way for
C1 and D1. This means that necking starts much earlier for the two high
Mn alloys. By comparing the curves to Figure 12 in section 6.2.6, it is clear
that the necking region starts early for C2 and D2 at this homogenization
condition.
The tensile testing of all alloys at 450◦C, homogenized for 0 hours, is
presented in Figure 59. This homogenization exhibits approximately the
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Figure 58: The tensile tests presented for all four alloys, homogenized at
375◦C for 24 hours. Each alloy has both parallel tests presented in the
Figure.
same behavior as the 0 hours homogenization at 375◦C when considering
the sequence in which the alloys arrange themselves from highest to lowest
ultimate strength. D2 still has the highest ultimate strength while C1 has
the lowest. However D1 for this condition has a higher maximum stress value
compared to C2. The two parallel tests made for alloy D2 deviates from one
another when looking at both maximum stress and maximum strain. This
can be explained by how the specimen with the lowest stress values started
to neck relatively far away from the middle of the tensile specimen.
The plateau where strain hardening occurs is very short for D1 at this
particular homogenization treatment, while at the same time quite long for
alloy C1. Since this alloy has a very long region from the ultimate strength
point until the rupture it should have a very long necking region compared
to the other alloys. This is exactly what was observed when the ruptured
tensile specimen was removed from the test machine.
The stress-strain curves of the final homogenization treatment at 450◦C
for 24 hours holding time are given in Figure 60. C1 is again the alloy with
the lowest ultimate strength and by far the one with the highest ductility. As
for the 450◦C homogenization at 0 hours holding time the strain hardening
and necking region is very large for C1. The high strain for this alloy was
consistent with what was observed as the tensile specimen was retrieved from
the test machine. As for the first homogenization at 450◦C for 0 hours, D1
has a higher ultimate strength than C2. A higher temperature during the
homogenization seems to make alloy D1 obtain a larger ultimate strength
point than C2. This is consistent with the number densities of dispersoids
which was measured by TEM investigations, where the number density of
dispersoids is a little larger for D1 than C2 at this homogenization condition.
The evolution of number densities can be found in Figure 53. This is an
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Figure 59: The tensile tests presented for all four alloys, homogenized at
450◦C for 0 hours. Each alloy has both parallel tests presented in the Figure.
interesting result since the curves are so close to one another for D1 and C2
both in the stress-strain plot and the number density plot at 24 hours holding
time. This type of consistency between the two different approaches shows
not only that the TEM statistics must be reliable, but also that the increase
in yield strength is in fact mainly due to the precipitation of dispersoids.
As for the two homogenization treatments at 375◦C for 0 hours and
450◦C at 0 hours alloy D2 has the highest maximum stress of all. The alloy
does however have a short strain hardening length when comparing to the
other three alloys at this condition. Considering the fact that there is no
visible yield point plateau at all for any of the graphs, there does not seem
to be any significant increase in the number of moving dislocations for the
alloys. When looking at the necking region it is clear that necking starts at
an early stage, which is consistent with little diffusion in the alloy during
deformation.
Overall, D2 is the alloy having the highest ultimate strength except at
375◦C homogenization for 0 hours, where C2 has the highest strength. From
the number density presented in Figure 53, D1 clearly has the highest num-
ber density of dispersoids. From the theory this should mean that D1 also
is subject to most dispersion hardening. The number density measurements
resulted in, as explained earlier, a too high number density for D1 at 375◦C.
This misleading result was due to the inhomogeneous precipitation of disper-
soids in that particular alloy, where the precipitation seemed to be favorable
in an area close to the dendrite arm boundary.
None of the alloys have sharp yield points in the stress-strain plots, again
suggesting that there is no significant increase in the number of moving
dislocations and/or there does not exist a direct relationship between stress
and velocity of these. It is also probable that the precipitates in the alloy are
too large in order for them to pin a meaningful number of dislocations. This
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Figure 60: The tensile tests presented for all four alloys homogenized at
450◦C for 24 hours. Each alloy has both parallel tests presented in the
Figure.
is because with a significant amount of pinning of dislocations, one would
expect sharper yield points in the stress-strain plots. Such yield points are
not present for any of the tensile tests performed in the current work.
It is clear that with an increasing density of dislocations, the stress ap-
plied in order to put them into movement through the crystal lattice must
be higher. It is not likely that the higher yield stress for alloy D2 is only due
to a higher dislocation density, but to the high density of dispersoids and in-
terstitials which are able to inhibit the movement of dislocations. Although
the dispersoids have undergone some coarsening for 450◦C at 24 hours hold-
ing time, there are also high amounts of alloying elements which contributes
to the pinning. The number density of dispersoids for D2 after 24 hours
holding time is the largest of the four for 450◦C, again leading to the two
approached being consistent with one another.
The volume fractions of dispersoids that have been used for the yield
strength calculations are the averages between what was obtained from the
TEM statistics and the measured electrical conductivities. For the disper-
soid volume fraction calculated based on electrical conductivity, all Mn has
been assumed to leave the solid solution for precipitation of dispersoids. This
will lead to an overestimate of volume fraction. Even though the TEM statis-
tics for dispersoid volume fraction only cover small areas of the samples, an
average between the two resulted in more consistency between calculations
and measured yield strength. The volume fraction results can be found in
Table 3, section 4.1 for the electrical conductivity, and Figure 49, section
4.5 for the TEM statistics.
When looking at Table 4, the contribution to the total yield strength
from the dispersoids is positive for all alloys except D1, homogenized at
450◦C. It should also be noted that alloy D2, for 450◦C, exhibits a very
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Table 4: Theoretically calculated change of yield strength from the disper-
soids and the level of Mn in solid solution when homogenizing from 0 to
24 hours. The rightmost column presents the measured change in yield
strength. The theoretical values are based on the average between volume
fractions of dispersoids found from electrical conductivity measurements and
those measured by TEM statistics.
Alloy and Temperature σD(MPa) K1∆σMn Measured σtot
C1 375◦C 8 -1 1
C1 450◦C 17 -8 19
D1 375◦C 25 -11 13
D1 450◦C -4 -6 6
C2 375◦C 22 -12 11
C2 450◦C 14 -8 -24
D2 375◦C 30 -17 20
D2 450◦C 1 -7 22
small, almost negligible, change of the yield strength contribution from the
dispersoids. Both alloys contain relatively high amounts of Si, which will
make the diffusion process faster.
The contribution to the yield strength from the change of Mn in solid
solution can be seen in column three of Table 4. It is clear that this contribu-
tion is negative for all alloys at both homogenization treatments. This result
follows the expected behavior since more Mn will leave the supersaturated
solid solution over time. Since the measurements were performed at 0 - and
24 hours holding time, high amounts of Mn will have decomposed from the
supersaturated solid solution from start to end of the homogenization.
When measuring the yield strength of each alloy at 0 - and 24 hours
holding time, the change in strength between the two is positive for all
alloys except D1 and D2 at 450◦C. The changes of σtot from the tensile tests
are given in column four of Table 4. Since the contribution from Mn in solid
solution is negative for all measurements, the increase of yield strength must
be due to the precipitation of dispersoids. If the dispersoids have no effect
on the yield strength of the materials, one should expect the measurements
of the total change of yield strength found in column four to be negative.
As the coarsening of dispersoids starts, the inter particle spacing will
increase. As described in the theory section, the increased spacing between
dispersoids will lead to a decrease in yield strength. This is because fewer
particles present in the parent matrix will let dislocations move more easily
than before. Since there is a decrease in total yield strength for D1 and
D2 at 450◦C, the dispersoids have coarsened from 0 to 24 hours holding
time. Considering the calculations and measurements done from the TEM
micrographs, these behaviors are consistent with each other. There is a rapid
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decrease in number density for D1 and D2 at a homogenization temperature
of 450◦C. Coarsening has probably started for the other alloys as well when
24 hours has been reached, however it is likely that coarsening started at an
early holding time for D1 and D2 at 450◦C.
By comparing the results from tensile tests and TEM investigations it
is clear that a finely dispersed distribution of dispersoids is favorable for
an increased yield strength. Preferably the inter particle spacing between
dispersoids should be small in order to obtain most effect from the Orowan
bowing mechanism. It should be noted that by increasing the yield strength,
the malleability and ductility of the alloys were reduced. Malleable and
ductile materials are often an important requirement for 3xxx aluminium
alloys because of the use in packaging industry. Alloy C2 did however seem
to gain strength after homogenization in addition to maintain its ductile
properties.
4.8 NanoSight Particle Analyzer
Two of the resulting sample reports from the NanoSight particle tracking
analysis are given in Figure 61 and Figure 62. The figures show the con-
centrations of particles and their sizes and are taken from the reports of the
NTA software. Two different measurements of the same sample are given
here to show the consistency between measurements. The concentration
plots are very similar for the two measurements and there are three distinct
peaks at approximately 40, 75 and 140 nm sized particles. These measure-
ments are consistent with what has been observed in both TEM and SEM.
In addition to the three first peaks there are some similar peaks at lower
concentration for the larger particles.
The frequency of occurrence of the different particle sizes is given in
Figure 63.
Due to disturbances from diffraction rings it is not surprising that the
graphs from the separate measurements are deviating from each other at
larger particle sizes. Since the particle analyzer calculates sizes by the
amount of movement from one frame to the next, several points in the
diffraction rings can erroneously be calculated as single particles in addi-
tion to the particle from which they originate. This could lead to a slightly
increased number of occurrence for large particle sizes, since the large diffrac-
tion rings mostly originate from the larger particles. The measurements of
large particles should because of this not be trusted too much, also because
these will correspond to the measurements of the constituent particles.
For comparison with the TEM statistics, the average equivalent diameter
from the NanoSight measurements was calculated. It was assumed that
all measured particle sizes larger than 200nm were constituent particles.
This seemed like a reasonable assumption, considering the observations and
calculations from SEM and TEMmade earlier. The raw data of particle sizes
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Figure 61: The first part of sample report 1 from the NTA software after
processing the frame sequence. The upper left image shows the concentra-
tion as a function of particle size. The upper right image shows the first
video frame used for deciding correct settings for the whole sequence. The
two lower images displays frequency of occurrence of different particle sizes
in 2- and 3 dimensions respectively from the left
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Figure 62: The first part of sample report 3 from the NTA software after
processing the frame sequence. The upper left image shows the concentra-
tion as a function of particle size. The upper right image shows the first
video frame used for deciding correct settings for the whole sequence. The
two lower images displays frequency of occurrence of different particle sizes
in 2- and 3 dimensions respectively from the left.
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Figure 63: The frequency of occurrence of different particle sizes detected by
the NanoSight tracking software. Particles larger than 300nm were left out
in this figure under the assumption that these would mainly be constituent
particles.
was imported into Excel from the NTA software and a bin width of 1 nm was
chosen for counting different sized particles. The resulting average diameter
and corresponding standard deviation for the dispersoids are presented in
Table 5.
Table 5: Average Equivalent Diameter of Dispersoids in alloy C2 at 450◦C,
homogenized for 24 hours.
Method Diameter Standard Deviation
TEM and (P)EELS 72.7 nm 3.8 nm
NanoSight 77.4 nm 3.8nm
To visualize the correspondence between the particle size found by par-
ticle tracking and the one obtained by TEM statistics a TEM micrograph
of alloy C2 is presented in Figure 64.
As can be seen from the Table 5, the correspondence between the diame-
ter of dispersoids is very good when comparing the two results. The average
equivalent diameter found by particle tracking is a little larger than the one
found from TEM and (P)EELS statistics. It is not very surprising that the
diameter is larger for the measurements done with particle tracking since
large diffraction rings increase the number of large particles being counted,
as mentioned earlier. In addition, there could be very small dispersoids
below the minimum particle size of 20 nm not included in the statistics for
particle tracking. The standard deviation from both results is 3.8 nm, which
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Figure 64: TEM micrograph of alloy C2 taken at 450◦C, homogenized for
24 hours with a scale bar of 200nm. The TEM micrograph has been taken
by Astrid Marie F. Muggerud.
means that the measurements are quite accurate. From this comparison it
is evident that the average dispersoid diameter must be in the size range of
70 nm for alloy C2 at these conditions.
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4.9 SEM Investigation of the Extracted Powder
Four SEM images are presented in this section to give an impression of the
morphology of the dispersoids and constituent particles from the powder
samples. The first SEM image given in Figure 65 shows an overview of the
powder at low magnification. As can be observed from the image, only the
large constituent particles are visible at this magnification. All the images
presented in this section will be of alloy C2, homogenized at 450◦C for 0
hours.
The image in Figure 66 shows a single constituent particle on the carbon
tape used for further investigations.
Figure 67 shows the same constituent particle as in Figure 66, however at
a higher magnification. It is possible to spot some dispersoids in this picture
which has placed themselves on top of the constituent particle. For a more
detailed image of the dispersoids Figure 68 again shows the same constituent
particle as the two previous images at an even higher magnification. By
observing the SEM images, the dispersoids do not look particularly cubic or
plate like, as expected from TEM micrographs. A possible explanation could
be that the dispersoid shapes got slightly altered when extracting them from
the aluminium matrix or partly dissolved by the alcohol solvent.
The remaining images of the powder which was taken by the SEM are not
presented in this section, but can be found in Appendix B. The sizes of the
dispersoids found by the SEM are consistent with the sizes measured in the
TEMmicrographs. It is however difficult to conclude that the dispersoids are
in fact cubic or plate-like from the images presented in the current section.
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Figure 65: A SEM overview image of the aluminium powder taken from C2
at 450◦C homogenized for 0 hours. It is clear that the dispersoids are too
small to be visible at such low magnification.
Figure 66: A SEM overview image of a single constituent particle from the
powder. The magnification is still too low in order to spot any dispersoids.
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Figure 67: The constituent particle shown earlier in this section, now at
an even higher magnification. Dispersoids are present on the surface of the
constituent particle.
Figure 68: A high magnification image of the dispersoids on top of the
constituent particle. Plate- and rod like shapes are possible to make out
lying on at the surface of the constituent particle.
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5 Conclusions
In this work, low temperature homogenization behavior of four different
Al-Mn-Fe-Si alloys with varying Mn and Si content has been studied. The
evolution of volume fraction, number density and equivalent diameter of
dispersoids has been connected to the electrical conductivity, Vickers hard-
ness and tensile properties of the alloys. The morphology changes during
homogenization have been studied for all alloys at different conditions.
The samples were investigated by several different methods, where the
main investigation tools were TEM, SEM, (P)EELS, NanoSight particle
tracking analysis, optical microscopy studies, tensile testing, hardness mea-
surements, electrical conductivity measurements and finally diffraction ex-
periments.
It was found that the electrical conductivity increases with decreasing
content of Mn in solid solution, and to a less significant extent to the decrease
of Si content. By assuming all Mn leaves the supersaturated solid solution
for precipitation of dispersoids, the volume fraction of dispersoids at each
condition was calculated based on electrical conductivity measurements.
The volume fraction, number density and average equivalent diameter
of the dispersoids have been calculated by use of TEM micrographs and
(P)EELS. The findings from these calculations have further been compared
and related to HV measurements and tensile tests. By use of the theory from
the Orowan bowing mechanism, it was clear that a high number density of
finely dispersed dispersoids was the main cause of an increased hardness and
tensile strength of the materials. However, a decrease of the inter particle
spacing due to dispersoid coarsening and growth, leads to a decreased hard-
ness and yield strength of the alloys. It has become clear that the dispersoids
contribute significantly to the yield strength and HV evolution of each alloy,
and that the addition of Mn to the solid solution enhances the precipitation
of dispersoids.
The NanoSight particle analyzer was used to investigate the equivalent
particle diameter of the dispersoids and constituent particles from the pow-
der samples. The measurements done by TEM micrographs and NanoSight
particle analysis were consistent with one another. And because of this, it
seems reasonable to trust these results. TEM micrographs showed that the
dispersoids start out as small cube-like precipitates, preferably precipitating
on dislocation, then grow into large plate- and needle shaped particles with
longer homogenization times.
By diffraction investigations, a constituent Al6(Mn, Fe) phase was iden-
tified in the alloy of low Mn- and high Si content. In the same alloy a
diamond cubic Si phase was found.

6 Further Work
In order to have a full overview of the evolution of dispersoids with holding
times and temperatures, TEM samples homogenized at 350◦C and 400◦C
should be prepared. Holding times that would be of particular interest
could be 4-, 8- and 16 hours holding time for each temperature. The TEM
statistics of dispersoid sizes, number densities and volume fractions from the
additional samples should be connected to Vickers hardness and electrical
conductivity measurements at these conditions.
The Vickers hardness measurements did deviate from the expected curve
for some single measurements, this could be looked into further by homog-
enizing the material once more to see if the results are consistent with each
other. Otherwise, the HV measurements have been investigated thoroughly
already and are not the most interesting aspect for further work.
For alloy D1 there was found a ”shell” of dispersoids precipitating close
to the dendrite arm boundary. This is a curious behavior that could be
interesting to investigate further for the other three alloy types. That is, to
see if the varying number density of dispersoids with varying distance from
the dendrite arm center is only present for high Si alloys.
It would be interesting to do a more detailed study on the tensile prop-
erties of the samples. Particularly the samples at 12 hours holding time
for 375◦C and 450◦C should be investigated for all four alloys due to the
high HV measurements and number densities of dispersoids at this stage.
Electrical conductivity measurements should also be done for 12 hours hold-
ing time to check the consistency between measured and calculated volume
fractions of dispersoids.
The NanoSight particle analysis was only done for C2, homogenized at
450◦C for 24 hours in this work, this analysis could therefore be done for
the other conditions and alloys, and further compared to results from TEM
micrographs. In order to do this, powder extraction will be necessary for
each condition. Since this method has not been used for the characteriza-
tion of size of dispersoids before, a proper sequence of experiments would
determine if this method is efficient for similar studies in the future.
As an extension of possible further work, looking at orientation relation-
ships of dispersoids at different homogenization temperatures and holding
times could be interesting.
The Si phase found in the high Si level alloy D1 would be interesting to
look into further since this phase was not expected. More detailed diffraction
studies of the different alloys would reveal if this phase is present only in
D1.
If ductile materials are of interest, further work concerning alloy C1
should be done. If the precipitation of dispersoids is the main area of interest,
alloy D2 should be investigated more thoroughly.
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Appendix A
SEM Micrographs and optical Microscope investi-
gations of PFZs
All images and micrographs in this section have been taken by Astrid Marie
Flattum Muggerud.
Figure 69: Scanning electron microscopy image of C1 homogenized at 375◦C
for 12 hours.
Figure 70: SEM image of a constituent particle and the precipitation free
zone for C1 homogenized at 375◦C for 12 hours.
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Figure 71: Light microscope image of alloy C1 homogenized at 375◦C for 24
hours.
Figure 72: Light microscope image of alloy C1 at the annealing temperature
450◦C for 24 hours.
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Figure 73: Image of alloy D1 homogenized at 375◦C for 12 hours.
Figure 74: Image of alloy D1 homogenized at 375◦C for 24 hours.
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Figure 75: Image of alloy D1 homogenized at 450◦C for 12 hours.
Figure 76: Light microscope image of alloy D1 homogenized at 450◦C for 24
hours.
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Figure 77: SEM image of C2 homogenized at 375◦C for 12 hours. The PFZ’s
are not visible in this overview image, however the constituent particles show
clearly.
Figure 78: SEM image of the precipitation free zone for C2 homogenized at
375◦C for 12 hours.
115
Figure 79: Light microscopy image of alloy C2 after homogenization at
375◦C for 24 hours.
Figure 80: SEM overview image of C2 homogenized at 450◦C for 0 hours
holding time. Only the constituent particles are visible in the image.
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Figure 81: SEM image of the precipitation free zones for C2 homogenization
at 450◦C for 0 hours holding time. Large parts of the constituent particles
seems to have disappeared from the metal.
Figure 82: Light microscopy image of alloy C2 after homogenizing at 450◦C
for 12 hours.
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Figure 83: Light microscope image of alloy C2 after homogenizing at 450◦C
for 24 hours.
Figure 84: Image taken of alloy D2 by light microscope homogenized at
375◦C for 12 hours.
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Figure 85: Light microscope image of alloy D2, homogenized at 450◦C for 0
hours.
Figure 86: Light microscopy image of alloy D2, homogenized treated at
450◦C for 12 hours.
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Figure 87: Light microscope image of alloy D2, homogenized at 450◦C for
24 hours.

Appendix B
SEM investigations of Powder Samples
The following SEM images was taken from the aluminium powder in order
to investigate the morphology of dispersoids and constituent particles. The
SEM was operated by Astrid Marie Flattum Muggerud for all SEM images
given in Appendix B.
Alloy C2
The aluminium powder of C2 was homogenized at 450◦C for 0 hours.
Figure 88: An overview of the aluminium powder on the carbon tape. The
particles visible in this image are the constituent particles.
Figure 89: An overview of one of the constituent particles. At this magnifi-
cation some of the dispersoids are possible to spot.
Figure 90: Dispersoids that have settled on top of a constituent particle as
the solvent evaporated.
124
Figure 91: Dispersoids on the surface of a constituent particle at a higher
magnification. Some of the dispersoids seems to have settled together in
small clusters.
Alloy D2
Alloy D2 has been homogenized at 450◦C for 24 hours. This section shows
images of the aluminium powder of D2 at this condition for two constituent
particles.
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Figure 92: An overview of the aluminium powder from alloy D2 on top of the
carbon tape. Only the constituent particles are visible at this magnification.
Figure 93: An overview SEM image of one of the constituent particles used
for investigation at higher magnification of the dispersoids that have settled
on top of it.
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Figure 94: SEM image of dispersoids that have settled on top of the con-
stituent particle. There is a high variety of shapes amongst the dispersoids
in this image.
Figure 95: A close-up image of the dispersoids. There are some plate-like
features of several dispersoids in this image.
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Figure 96: An overview image of the second constituent particle used to
investigate the size and morphology of dispersoids in alloy D2 homogenized
for 24 hours at 450◦C.
Figure 97: An image of the constituent particle giving a closer look at the
dispersoids that have settled on top of it as the solvent evaporated.
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Figure 98: SEM image at a 30 000 times magnification showing the disper-
soids up close. The sizes are comparable to the ones observed by TEM.
Appendix C
NanoSight Particle Analyzer Sample Reports
The Nanosight Particle Analyzer was operated by the author for all sample
reports presented in this appendix.
Figure 99: The NanoSight sample report from experiment 1.
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Figure 100: The NanoSight sample report from experiment 2.
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Figure 101: The NanoSight sample report from experiment 3.
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Figure 102: The NanoSight sample report from experiment 4.
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Figure 103: The NanoSight sample report from experiment 5.
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Abstract 
 
For non-heat treatable wrought aluminium alloys the strengthening occurs from solid solution 
hardening and work hardening. The goal of this paper is to study the dispersion hardening effect of 
dispersoids precipitated during low temperature annealing. The size, number density and 
morphology of dispersoids in four selected AA3xxx aluminium alloys with different Si and Mn 
contents after annealing at different temperatures and for different times are quantitatively studied. 
The microstructure is correlated with the strength in terms of micro hardness. It is revealed that the 
dispersoids have a remarkable contribution to the strength of the alloys. The hardening effect of 
dispersoids increases with increasing Mn and Si content in the alloys. 
1. Introduction 
 
AA 3xxx aluminium alloys are widely used in construction and packaging sectors [1]. The main 
alloying element in 3xxx alloys is Manganese [2]. 3xxx alloys obtain their strength mainly from 
work hardening and solid solution hardening [3]. During homogenization of 3xxx alloys, a large 
amount of dispersoids precipitate from the Al matrix supersaturated with Mn and Si. α-Al(Mn, 
Fe)Si with a prime cubic structure is the major type of dispersoids [4-6].  For alloys containing 
low content of silicon, orthorhombic Al6(Fe, Mn) phase will also precipitate at high 
temperatures[6]. The size and number density of dispersoids have a strong influence on the 
recrystallization behaviour of the alloys during back annealing. Usually, 3xxx alloys are 
considered as alloys which can not be strengthened by precipitation of dispersoids. However, 
resent work has shown that the semi-coherent α-Al(Mn, Fe)Si dispersoids precipitated in an Al-
1.0Mn-0.5Fe-0.2Si alloy after annealing treatment at 375°C for 24h, have a strong dispersion 
hardening effect.   The objective of this work is to further reveal the dispersion hardening effect 
by investigating the effects of chemical composition and annealing temperature on dispersion 
hardening.  
 
2. Experimental 
 
The materials used in the experimental study were four DC-cast billets with different contents of 
Mn and Si, produced by Hydro Aluminium Sunndalsøra, Norway. The chemical compositions of 
the four alloys are presented in Table 1. Samples were taken from the half radius of the ingot. 
Isothermal annealing of the samples were carried out at two temperatures 375°C and 450°C for 
different holding times of  0h, 1h, 4h, 8h, 24h and 48h followed by quenching into cold water. 
Heating rate of 50°C/h was used to heat the samples to the annealing temperature.  
 
  
Table 1; Chemical compositions of the four alloys investigated. 
Sample name Fe (wt%) Si (wt%) Mn (wt%) 
C1  0.530 0.152 0.392 
C2 0.504 0.148 0.970 
D1 0.517 0.494 0.400 
D2 0.497 0.480 0.992 
  
After annealing, the samples were grinded with silicon carbide grinding paper P1200. Vickers 
hardness measurements were then performed with a load of 1kg. An average of the hardness of 5 
indentations was obtained for each sample.  TEM foils were prepared by standard procedure, 
namely, grinding, mechanical polishing and finally electropolishing by a TenuPol-5, with an 
electrolyte consisting of two parts Methanol and one part Nitric acid. A temperature of -20°C 
was used throughout the electropolishing sequence. Volume fraction and number density of the 
dispersoids have been studied by means of transmission electron microscopy (TEM). The TEM 
used in the present study was a Phillips CM30 operating at 150 kV. For measuring the sample 
thickness a Gatan parallel electron energy loss spectroscopy system (PEELS) was used.  
Electrical conductivity measurements were performed using a Sigmascope EX8, which 
was calibrated carefully before use. 
 
3. Results and discussion 
 
3.1 Morphology of dispersoids  
 
The morphology evolution of dispersoids precipitated in alloy D1 after annealing at 375 and 450°C for 
different times is presented in Figure 1. As can be seen, after annealing at 375°C (Figure 1a and b) and 
after short time annealing at 450°C (Figure 1 c), most of the dispersoids show a cubic-like morphology. 
From the morphology, it can be seen that many of the dispersoids show some preferred 
orientations.  The size of dispersoids increases with increasing annealing time. After 24h of 
annealing at 450°C, some dispersoids have grown into large plate-like morphology. The size 
increase of dispersoids is due to the continuous decomposition of the supersaturated solid 
solution and coarsening of dispersoids [5]. As a consequence of coarsening, the number density 
of dispersoids decreases with increasing holding time during annealing at 450°C.  
 
3.2 Volume fraction of dispersoids 
 
TEM micrographs were used to calculate the volume fraction of the dispersoids. The thicknesses 
of each area corresponding to one of the micrographs were measured by PEELS. Size and 
volume fraction were determined by following the same procedure as described by Li et. al [5].  
For each of the samples, equivalent spherical diameters of 100 dispersoids were measured, 
averaged and used in the calculations. It was necessary to correct for the precipitation free zones 
(PFZ) located in the vicinity of constituent particles or grain boundaries [5]. An estimated PFZ 
fraction of 0.25 has been used for all the samples. The volume fractions of some of the alloys 
with different annealing temperatures are presented in Figure 2. 
 
 
  
 
Figure 1; TEM micrographs of sample D1 showing the development of the size distribution and 
morphology of dispersoids; a) 375°C, 0 hours holding time; b) 375°C, 24 hours holding time;           
c) 450°C, 0 hours holding time; d) 450°C, 24 hours holding time. 
 
 
 
Figure 2 Average volume fraction calculated for the homogenization heat treatments of samples C1, 
D1 and D2; D1 and D2 both for 375°C and 450°C at 0 hours and 24 hours holding times. C1 is 
presented for 375°C at 0 hours and 24 hours holding times. 
 
It is apparent, that the volume fraction of dispersoids increases with increasing Si content (C1 vs 
D1 and C2 vs D2), and increasing of Mn content in the alloy ( C1 vs C2 and D1vs D2).  The 
volume fraction also increases with increasing annealing time. With the highest Mn and Si 
b) a) 
c) d) 
  
contents, alloy D2 has the highest volume fraction of dispersoids when heat treated at 450°C for 
24 hours. 
 
3.3 Hardness 
 
The hardness evolution as a function of annealing temperature and time of alloy C1, which has 
low contents of both Mn and Si during annealing is presented in Figure 3 (a). The hardness of the 
C1 alloy is the lowest of the four and remains low for all holding times and temperatures. For 0 
hours holding time there is a steady increase in hardness as the temperature is increased. This is 
not surprising as more dispersoids will precipitate with increasing temperatures. For 24 hours 
annealing time there is a clear trend of increased hardness until 375°C is reached, the hardness 
then starts to decrease with higher temperature.  
Figure 3 b) shows the hardness measured for alloy D1, with high Si and low Mn content.  
Comparing these results to the measured curves of C1 one can see a clear increase in hardness. 
This is not unexpected since the increase of Si content will increase the decomposition of Mn 
into the supersaturated solid solution. The level of Mn however, is still kept low for D1 and will 
result in less Mn being available for the precipitation of dispersoids. 
  
 
 
 
Figure 3 Vickers hardness evolution of alloy C1 (a), alloy D1 (b), alloy C2 (c) and alloy D2 (d) 
during annealing at different temperatures.  
 
b) a) 
c) d) 
  
In Figure 3 c) hardness of alloy C2 is presented. C2 has low Si content but an increased 
content of Mn. By comparing the hardness of C2 with C1 one can see that the increase of Mn in 
the alloys has resulted in an increase of Vickers hardness. On the other hand, by comparing to 
D1, the Mn in C2 has not given as much increase in hardness as the higher Si content did in alloy 
D1. 
Finally Figure 3 d) presents the hardness of alloy D2. For D2 both the Si and Mn levels 
are high. This alloy exhibited the highest hardness among the four alloys. 
It is evident that dispersoids have a pronounced hardening effect on Al-Mn-Fe-Si alloys, 
in particular, the alloys containing high amounts of Mn and Si during annealing at temperatures 
lower than 400 ºC. During annealing at 450 ºC, the hardness of the alloys first increases with 
time and then decreases with increasing annealing time. After 24 hours annealing at 450 ºC, 
though the alloys have the highest volume fraction of dispersoids, the hardness of the alloys is 
quite low. This is mainly because of the coarsening of dispersoids, which reduces the dispersion 
hardening effect.   
 
3.4 Electrical conductivity 
 
The evolution of electrical conductivity for alloys C1 and D1 are presented in Figure 4. The 
electrical conductivity increases with annealing temperature and increasing annealing time. This 
is due to continuous decomposing of the supersaturated solid solution. The electrical conductivity 
results are consistent with the volume fraction results of dispersoids. By comparing the electrical 
conductivity curves of C1 and D1 at different temperatures, it can be seen that the electrical 
conductivity increases faster in alloy D1 than C1, confirming that Si has the influence of 
enhancing the precipitation of dispersoids and therefore increases the dispersion hardening effect 
by precipitating more dispersoids. 
      
 
Figure 4; The electrical conductivity as a function of time (hours) at annealing temperatures of 
350°C, 375°C, 400°C and 450°C; a) Electrical conductivity for alloy C1; b) Electrical conductivity 
for alloy D1. 
 
 
 
 
 
 
  
Conclusions 
 
The volume fraction and morphology of dispersoids precipitated in four alloys with different 
content of Mn and Si during annealing treatment at low temperatures have been studied. It is 
found that the volume fraction of dispersoids increases with increasing Si and Mn contents in the 
alloy.  
The measured hardness evolution of the alloys with annealing temperature and time shows that 
the dispersoids precipitated during annealing at low temperatures have a pronounced dispersion 
hardening effect. The hardening effect increases with increased measurement of hardness. It 
shows that the precipitation of dispersoids has a strong hardening effect on the alloys. 
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Abstract
 The precipitation behaviour and dispersion hardening effect of dispersoids in DC- cast 
3xxx alloys with varying compositions of manganese and silicon during isothermally annealing 
at low temperatures have been studied. 
The evolution of density, size and volume fraction of the dispersoids has been quantitatively 
studied by using Transmission Electron Microscopy (TEM) and electrical conductivity 
measurement.  The influence of dispersoids on mechanical properties has been studied by 
hardness and tensile strength measurements.  From these studies a clear hardening effect from 
dispersoids is found and the hardening effect increase with increasing Mn and Si contents in the 
alloys. Annealing temperature of 375° combined with 12 hours holding time show the most 
pronounced hardening effect for all the four alloys studied. The hardening effect from 
dispersoids is discussed in light of the Orowan mechanism. Also the various constituent particles 
have been identified and studied by the help of x-ray powder diffraction and TEM. 
 
 
Keyword: Aluminium alloys, thermo mechanical processing, hardening, electron microscopy, 
mechanical characterisation. 
1. Introduction 
 Wrought 3xxx aluminium alloys are mainly used in architecture and packaging industry. 
In contrast to heat treatable alloys which gain their strength through heat treatment, the 3xxx 
alloys mainly get their strength from work hardening and therefore are non-heat treatable alloys 
[1-3].  
 The main alloying element in 3xxx alloys is Mn [4]. Additions of manganese influence 
the material properties in various ways. The size and amount of intermetallic Mn-containing 
particles affect the grain growth during thermo mechanical processing by stimulating or retarding 
recrystallization. A strengthening of the material by solid solution hardening is another way Mn 
influences material properties [5].  In the as-cast material, the aluminium matrix is supersaturated 
with Mn and Si  [3]. A homogenisation before further mechanical processing is essential to 
eliminate the micro segregation, reduce the solid solution level of Mn and get the right size and 
density of constituent primary particles and fine dispersoids.  
  The type of dispersoids varies with composition and heat treatment. At low temperatures, 
two meta stable phases form in the binary Al-Mn alloys, the body centred cubic (bcc) Al12Mn 
  
and  the orthorhombic Al7Mn are formed, and for higher temperatures the equilibrium phase in 
the Al-Mn alloy is the Al6Mn phase [4, 6]. The decomposition of the supersaturated solid 
solution level of Mn is very slow. Additions of iron and silicon reduce the solubility of Mn and 
speed up the precipitation of dispersoids. Silicon favours the precipitation of dispersoids of the 
simple cubic α-Al(Mn)Si phase [2, 5, 7]. Iron may substitute Mn in both Al6( Mn) phase and α-
Al(Mn)Si. For low Mn/Fe ratios the simple cubic α-Al(Mn, Fe)Si phase is formed [3].  The 
simple cubic α-Al(Mn, Fe)Si phase is the phase of the dispersoids studied in the present work. 
 For homogenization heat treatment at low temperatures and during the early stage of 
precipitation a quasi crystalline icosahedra phase has been found [3, 8-10]. It is proposed that this 
phase is the starting phase for α-Al(Mn, Fe)Si dispersoids that are found at higher temperatures 
of homogenization, namely the simple cubic α-Al(Mn, Fe)Si phase for high silicon content, and 
the orthorhombic Al6(Fe, Mn) phase for low silicon content.  
 The dispersoids have strong influence on the recrystallization behaviour of 3xxx 
aluminium [3, 7, 11-15]. However, in most previous studies they are considered to have 
negligible hardening effects. In a previous work by some of the present authors  [16], it has been 
found that a significant increase of the yield strength of  a DC-cast 3003 alloy can be achieved by 
an annealing treatment at 375°C for 24 hours. This has been attributed to the dispersion 
hardening effect caused by the precipitation of a large amount of fine dispersoids.   
 In order to fully exploit the dispersion hardening effect, a more systematic study on the 
influence of alloying elements, annealing temperature and annealing time on the precipitation 
behaviour and therefore the mechanical properties has to be done. The effect of Si and Mn 
content on the precipitation of dispersoids and their influence of the mechanical properties has 
been investigated. The dispersoids strength contribution related to the Orowan bowing 
mechanism has been discussed. The low temperatures are chosen to study the precipitation 
behaviour at an earlier stage of the annealing and to look at the phases present at this early stage 
of annealing.  
 
2. Experimental  
 The experimental materials were produced by Hydro Aluminium, Norway. Four DC- cast 
ingots with different chemical compositions were prepared. Samples were taken from the central 
part of the ingots and cut into 2x2x1cm blocks. For annealing heat treatment an air circulating 
furnace was used. The sample material was heat treated from room temperature with a heating 
rate of 50K/h up to holding temperatures of 375°C and 450°C. At the holding temperatures the 
samples were kept for 0, 1, 2, 4, 8, 12, 16 and 24 hours and then quenched into cold water.   
 Mass spectroscopy measurements were performed to determine the chemical 
compositions of the alloys. The concentrations of the major alloying elements of the four alloys 
are given in Table 1. Also traces of Cu, Mg, Zn, Cr, Ni, Pb and Sn in amounts less than 10
-2
 wt% 
were found from the mass spectroscopy measurements. High and low silicon content is combined 
with high and low manganese content to study the influence of alloying elements on the 
precipitation behaviour.  
Different measurements were performed on the sample materials. Electrical conductivity 
(Sigmascope EX8 and Vickers hardness (HV) (Matsuzawa 0.3-20 kg hardness tester) 
measurements were performed for all sample conditions. VH measurements were done on 
polished surfaces of the sample material, with 1 kg load. 
 
 Table 1. The chemical compositions of the four samples investigated.  
Alloy Fe (wt%) Si (wt%) Mn (wt%) 
C1  0.530 0.152 0.392 
C2 0.504 0.148 0.970 
D1 0.517 0.494 0.400 
D2 0.497 0.480 0.992 
    
 The 0 and 24 hours holding time, 375°C and 450°C  conditions were machined for tensile 
testing, and tensile testing was performed with Instron tensile testing machine, model no. 1125.  
 Pieces from alloy C2 and D2, 450°C, 0 and 24 hours conditions were dissolved in Butanol 
in order to dissolve the aluminium matrix and obtain a powder consisting of constituent particles 
and dispersoids. Details of the dissolution method are given elsewhere[17, 18]. The powders 
from C2 and D2, 450°C, 24 hours holding time was studied by x-ray powder diffraction 
(Siemens D 5000).  
 TEM foils were made by electro polishing with an electrolyte containing two parts 
Methanol and one part of Nitric acid at -20°C using a Struers TenuPol-5 electro polishing unit.  
Philips CM30 TEM was used for microstructure statistics and diffraction work. The microscope 
was equipped with an electron energy loss spectroscopy (EELS) detector (Gatan model 601) used 
for the thickness measurements. 
 Number density, equivalent diameter and volume fraction of dispersoids were calculated 
by the help of TEM micrographs for all four alloys at 375°C and 450°C, at 0, 12 and 24 hours 
holding time. In order to calculate the number density for each sample area, the dispersoids were 
manually counted on the TEM micrographs. For each specimen 10 sample areas were imaged, 
and about 100 dispersoids measured. Area fraction of precipitation free zones (PFZ) was 
approximated by light microscopy investigations of polished sample blocks etched in 10% 
Phosphorus solution. For the samples at 0 hours holding time a FESEM Zeiss Ultra microscope 
were used for PFZ analysis.  
    
3. Results and discussion  
 
3.1 Electrical conductivity 
 Relationship between electrical conductivity (EC) σ and the concentrations of alloying 
elements in solid solution, FeSS, MnSS and SiSS can be expressed as [19, 20] 
 
1
0.0267 0.032 0.033 0.0068SS SS SSFe Mn Si

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The relative concentration change of Mn and Fe in solid solution can be calculated by using 
Equation 1 and assuming that the change of EC is due to precipitation of dispersoids since the 
contribution from Si in solid solution can be neglected in the calculation as the contribution from 
this is an order of magnitude smaller than the contributions from Mn and Fe.  The concentration 
change of Fe+ Mn in solid solution Δ(Fe+Mn) is then given by 
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Where σ(0)  is the electrical conductivity of the as cast material and σ(T) is the electrical 
conductivity as a function of time and temperature after annealing treatment. From Equation 2 
the volume fraction of dispersoids created has been calculated under the assumption that all the 
solute leaving the supersaturated solid solution goes into dispersoids. For the calculations of 
volume fraction an α-unit cell of the type Al96(Fe,Mn)24Si18 with lattice parameter 12.68 Å were 
used for calculations. 
 Figure 1a) shows the electrical conductivity evolution for the four alloys during annealing 
at 375°C and 450°C. There is an overall increase in the electrical conductivity with holding times 
and temperatures, as more and more Fe and Mn are decomposed from the supersaturated solid 
solution. At 375°C the electrical conductivity is much larger for C1 and D1 compared to D2 and 
C2 as alloy C1 and D1 has lower initial content of solute Mn. The increasing holding time shows 
a more pronounced increase in electrical conductivity in D2 than in C2, indicating the enhanced 
decomposition of solid solution Mn due to the high Si content in alloy D2. Alloy D1 with the 
combination of high Si and low Mn content have the relative highest electrical conductivity due 
to the low level of solute elements both initially at 375°C and even lower level of solute elements 
at 450°C. 
 Figure 1 b) shows the volume fraction calculated from the electrical conductivity 
measurements. σ(0)  is the electrical conductivity of the as cast material and σ(T) is the electrical 
conductivity after 24 hours annealing treatment. An increase of volume fractions with increased 
annealing temperature from 375°C to 450°C is present for all four alloys.  Alloys C2 and D2 
after 450°C annealing treatment have most Mn available for the precipitation of dispersoids and 
thus has the highest calculated volume fraction of dispersoids.  
  
Figure 1. a) Electrical conductivity measurements. Annealing temperatures 375°C and 450°C 
with  0, 1, 4, 8 and 24 hours holding times. b) Volume fraction of dispersoids calculated from the 
change in solute elements of Mn and Fe from as cast condition to 24 hours holding time. 
a) b) 
 The calculated volume fractions for alloys C1 and D1 is generally lower due to the lower level of 
Mn in these alloys. D1 has slightly higher calculated volume fractions for both annealing 
temperatures compared to C1 as the level of Si is higher in the alloy, leading to higher 
decomposition of supersaturated solid solution than for C1. 
 
3.2 Phase determination of particles and dispersoids in the material.  
 
3.2.1 Extracted powder analysis  
 The extracted powder of sample C2 and D2 for 450°C and 24 hours holding time were 
investigated by x-ray powder diffraction. The phases present in sample C2 were found from x-
ray analyses. An orthorhombic Al6(Fe,Mn) phase was identified. By comparing the lattice 
parameters to the pure Al6Fe phase (a=6.464Å, b=7.440Å, c=8.779Å)  and Al6Mn (a=6.4978Å, 
b=7.5518Å, c=8.8703Å) it is clear that the constituent particles contain both Mn and Fe [21]. The 
lattice parameter of the phase is close to Al6Fe implying that Fe/Mn ratio is quite high, even after 
24 hours annealing at 450°C. This is consistent with the results of previous work. Also a cubic α-
Al(Fe,Mn)Si particle with lattice parameter a=12.618±0.005Å is identified in the alloy, with a 
relatively high iron content. This is the dispersoid phase.  
 In sample D2, two cubic α-Al(Fe,Mn)Si phases were identified, with lattice parameters of 
a = 12.644 ± 0.005Å and a = 12.589 ± 0.0018 Å. The two α-Al(Fe,Mn)Si phases corresponds to 
one dispersoid phase and one constituent phase. The two phases have lattice parameters between 
the lattice parameters of AlFeSi and AlMnSi. Figure 2 shows the lattice parameters of AlMnSi 
phase  and AlFeSi phase plotted against the Fe/Mn ratio [22, 23].  
 
Figure 2. Lattice parameters of AlMnSi (Fe/Mn=0), the two phases determined in alloy D2 and 
AlFeSi (Fe/Mn=1) [22, 23].The two identified phases has a lattice parameter in between the Mn 
and the Fe phases. The elemental content of the two phases is a mixture of Mn and Fe in various 
amounts.  
 
 The composition of the two phases differ in Mn and Fe content and by use of a linear 
approximation from the lattice parameters of AlFeSi and AlMnSi the content of Mn and Fe in the 
 phases have been estimated. In Figure 2 the phase named Phase 1 with lattice parameter a = 
12.644Å contains approximately 70% Mn and 30% Fe. From diffraction investigations in the 
TEM and measurements of d-spacings phase 1 is the dispersoid phase. 
 Phase 2 in Figure 2 with lattice parameter a = 12.589 ± 0.0018 Å is the constituent phase 
with an approximate composition of 30% Mn and 70% Fe. The constituent phase has precipitated 
during solidification. The solid solubility of Fe is much lower than for Mn, and the Fe content in 
the constituent phase is therefore significantly higher than in the dispersoids phase. The 
dispersoid phase, Phase 2, which has precipitated during annealing with a holding time of 24 
hours has had much longer time for decomposition of Mn and therefore has a higher Mn content. 
 
3.2.2 Morphology of constituent particles  
 Figure 3a) shows a TEM micrograph of α- Al(Mn,Fe)Si constituents in sample D2 after 
annealing at 450°C for 24 hours. Also a fine distribution of simple cubic α-Al(Fe,Mn)Si 
dispersoids can be seen in Figure 3a). Figure 2b) shows the diffraction pattern of the constituent 
particle. It has been determined by the diffraction pattern that the phase is a body centred cubic 
phase viewed along the [001] zone axis of the particle.     
 
  
Figure 3. Sample D2, 450°C, 24 hour holding time. a) BCC α- Al(Mn,Fe)Si constituent with 
distribution of small dispersoids around the constituent particle . b) Diffraction pattern from 
particle marked with arrow in a). Zone axis [001] of the bcc α- Al(Mn,Fe)Si constituent.  
 
3.2 Dispersoids.  
 
3.2.1 Morphology of dispersoids  
 Figure 4 shows the morphology evolution of dispersoids in alloy D2 as a function of 
holding time during annealing at 375°C.  
  Figure 4a) shows dispersoids after the alloy was heated to 375°C. As can be seen from 
the micrograph, the size of the dispersoids is very small and most of the dispersoids have 
 
a) 
a) b) 
 precipitate in the vicinity of dislocations. Heterogeneous nucleation at  dislocations can reduce 
the nucleation energy barrier of dispersoids [24]. 
  
  
  
Figure 4. Evolution of dispersoids for alloy D2 at 375°C for different holding times. a) 0 hour 
holding time. b) 12 hours holding time.  c) 24 hours holding time. d) Histogram showing the 
frequency of dispersoids size (equivalent diameter) for 375°C, 0, 12 and 24 hours annealing time. 
 
After 12 hours annealing at 375°C, both the size and the number density of the dispersoids have 
increased (Fig. 4b). The dispersoids grow in size is  a consequence of growth caused by the 
continuous decomposition of solid solution supersaturated with Mn and Si in the matrix [3]. It is 
interesting to note that most of the dispersoids have nearly a cubic shape and seem to have the 
same orientation to Al-matrix.  
 In Figure 4c) the sample has been hold for 12 hours at 375°C. The dispersoids have 
grown in size due to particle coarsening and thus decreased in number. Li et al. [3] describes how 
a) b) 
c) d) 
 dissolution of dispersoids takes place during 600°C homogenization. However, the dissolution of 
particles is not happening at temperatures below 530°C, and the decrease of number density of 
dispersoids is solely due to the coarsening.   
 Figure 4 d) shows the histogram of the size distributions of dispersoids for 375°C, 0, 12 
and 24 hours annealing time. The same trend as seen in Figure 4 a)-c) is apparent. The frequency 
of dispersoids with larger equivalent diameters goes up as the holding time is increased. A larger 
scatter in size is also present when the holding time is increased. The shrinkage of dispersoids 
due to the coarsening may explain why small dispersoids are also present after long annealing 
time. 
  
3.2.2. Number density, equivalent diameter of dispersoids.  
 Figure 5a) shows the number density for the four alloys as heat treated at 375°C and 
450°C for 0, 12 and 24 hours. For alloy D1 and D2 the effect of coarsening and growth is most 
prominent. The number density decreases with annealing time. These two alloys have a higher 
content of Si which then leads to a enhanced decomposition of Mn from solid solution and fast 
precipitation of dispersoids. Therefore the alloys have already reached a high number density of 
dispersoids initially before holding at the annealing temperatures. For alloy C1 and C2, there is 
an increasing number density at 375°C annealing. The low Si content in these alloys will result in 
a slower decomposition of Mn from the solid solution and combined with the slow diffusion 
speed of Mn a longer time before the coarsening and growth stage for the dispersoids is reached 
is probably the reason for the increase in number density with annealing time.  
 The general trend is a decrease in the number density with annealing time. The decrease 
is due to the growth and coarsening of the dispersoids when increasing the annealing time. The 
number density is also strongly influenced by the alloying elements. A high Si level enhances the 
decomposition of Mn and increased precipitation of dispersoids.  
 The equivalent diameter evolution with time for annealing at 375°C and 450°C is shown 
in Figure 5b).  An increase of equivalent diameter with annealing time is present for all alloys. 
This is reasonable as more and more of the solute atoms will go out of solid solution and into the 
dispersoids to decrease the total energy of the system. The diameters for the 375°C annealing is 
generally lower than for annealing at 450°C because the diffusion of alloying elements goes 
slower at lower temperatures. Alloy D2 with the highest amount of Mn and Si has the largest 
equivalent diameter as the amount of solute elements available for the dispersoids is highest in 
this alloy.   
 
   
 
Figure 5. Number density and equivalent diameter evolution of dispersoids for the four alloys 
after heat treatment at 375°C and 450°C and 0,12 and 24 hours holding time. a) Number density 
evolution with time. b) Equivalent diameter evolution with time. The equivalent diameter 
increases with increasing temperature from 375°C to 450°C and also with increasing holding 
time.  
 
3.2.3 Precipitation free zones analysis 
  The area fraction of the PFZs has been approximated by optical microscopy and SEM 
investigations of polished and etched surfaces.  
 Figure 6 shows the PFZ evolution with annealing temperature of 375°C and 450°C for 
various annealing times.  The size of the PFZs increases for most cases with annealing time. As 
the annealing time is increased the dispersoids will grow and coarsen, as shown in Figure 4 and 
5, and the solute elements will be extracted to either precipitates or to the constituent particles, 
leading to the growth of PFZs. For alloy C1 the size of the PFZ is small for both annealing 
temperatures and for all annealing times. As this is the alloy with the lowest level og alloying 
elements the growth and coarsening of dispersoids will be less pronounces here, and the size of 
the PFZs is small for both annealing temperatures and for all annealing times.  
Alloy D2 containing the largest amount of alloying elements has a high area fraction of PFZs for 
both annealing temperatures and times. 
a) b) 
  
 
Figure 6. PFZ evolution with time for the four alloys for annealing temperature of 375°C and 
450°C , 0 hour, 12 hours and 24 hours annealing time. An increase of PFZ area fraction with 
increasing alloying elements present and with annealing time can bee seen. 
 
 Figure 7 shows the evolution of the precipitation free zones for sample C2 at annealing 
temperature of 375°C. The Optical micrograph for 0 hour annealing time in Figure 7 a) shows 
constituent particles in addition to the Al matrix. In Figure 7 b), after 24 hours annealing, the etch 
pits after the dispersoids in the matrix are visible, so is also the zones without dispersoids 
surrounding most of the constituent particles.  Figure 7 c) is a SEM micrograph after 12 hours 
annealing time. As for 0 hour holding time in Figure 6 a) the dispersoids are not visible, only the 
constituent particles can be seen. Figure 7 d) is a SEM micrograph at higher magnification for 12 
hours annealing. At this magnification the constituent particle and surrounding Al matrix with 
dispersoids present close to the constituent particle can be seen.  
 When approximating the PFZ areas the area of the constituent particles plus the area 
without dispersoids surrounding the constituent particles in Figure 7 b) should be calculated. For 
the short time annealing from the optical micrograph and low magnification SEM micrograph it 
looks like the whole Al matrix is precipitation free. As Figure 7 d) shows small dispersoids are 
present even very close to the constituent particles, within the range of 200 nm-400 nm. The only 
contribution to the PFZ for the short annealing time samples is then the area or the constituent 
particles. 
 The PFZ area fraction is very important for the value of the final volume fraction as 
shown in Equation 6. As for all experimental work the calculated PFZs are approximate values 
based on ten sample areas for each measurement point in Figure 6. However, the trends found in 
for the evolution of the PFZs is reasonable. 
 
 
 
 
   
  
Figure 7. Precipitation free zone evolution in sample C2 at annealing temperature of 375°C. a) 
Optical micrograph for 0 hour holding time. Only constituent particles are visible in addition to 
the Al. b) Optical micrograph for 24 hours annealing time. The etch pits after the dispersoids in 
the matrix are visible, so is also the PFZs surrounding most of the constituent particles. c) SEM 
micrograph for 12 hours holding time. As for 0 hour holding time in a) the dispersoids are not 
visible, only the constituent particles can be seen. d) SEM micrograph at higher magnification for 
12 hours annealing of constituent particle and surrounding Al matrix with dispersoids present 
close to the constituent particle.  
 
3.2.4 Volume fraction of dispersoids 
 In order to calculate the volume fraction of dispersoids the same procedure as described 
by Li et. al [3] was used with some modifications. The volume fraction VV is given by 
 
3
4
V V
K
V D N    .          (3) 
 
a) b) 
d) 
 K  is the shape factor, accounting for the shape of the dispersoids, D  is the average equivalent 
diameter by using a spherical approach and 
VN is the volumetric number density of dispersoids 
given by  
 1V A PFZ
K D
N N A
t K D

   
 
.        (4) 
AN is the area number density of dispersoids, t  is the foil thickness and PFZA the area fraction of 
precipitation free zones. 
 The volume faction evolution with annealing time of dispersoids for the four alloys for 
375°C and 450°C is shown in Figure 8. All the four alloys investigated the same trends can be 
seen but with some scatter in the resulting values of the volume fractions. The volume fraction 
increases with both holding time and temperature. The increase in temperature makes Mn to 
diffuse faster, and therefore more of the Mn can go into the dispersoids. Also longer holding time 
allows Mn to diffuse longer and thus go into the dispersoids.  Alloy D2 has the highest volume 
fraction of dispersoids. The high Si content in the alloy will, as described earlier, enhance the 
decomposition of Mn in solid solution, and more Mn is available for the growth and coarsening 
of dispersoids. For C1 with low Mn and Si content the volume fraction increase both with 
annealing temperature and time is less pronounced.    
 
 
 
Figure 8. The volume fraction evolution of dispersoids for alloy D1.  The volume fraction 
increases with increasing holding time and temperature. Alloy D2 with the highest amount of 
alloying elements has the highest volume fraction of dispersoids. 
 
 When comparing the volume fractions for 0 hour and 24 hours annealing time with the 
volume fractions calculated from the electrical conductivity measurements presented in Figure 1 
b) the same trends can be seen, with increasing volume fraction as holding time increases. The 
actual values for the volume fractions may not be so precise, as the number of dispersoids is 
highly scattered from one grain to the next in the alloys. As discussed earlier the PFZ values are 
also very important for the final calculated volume fractions. In the calculated volume fractions 
 from the electrical conductivity it is assumed that all the Mn and Fe leaving the solid solution 
will go into dispersoids. From this simplification the calculated values from the electrical 
conductivity measurements should be a bit larger than the measured values from the TEM 
investigations as probably not all the all of the alloying elements leaving the solid solution will 
go into the dispersoids. Taken the large uncertainties into consideration the two calculations of 
the volume fractions is in reasonable good agreement, and most importantly show the same 
trends.                                                                                                                                      
3.3 Strengthening mechanisms 
3.3.1 Dispersion hardening effect 
 Vickers hardness measurements where performed for all alloy types presented in Table 1.  
Figure 9 shows the Vickers hardness measurements for the four alloys for 375°C and 450°C 
annealing temperature and  0,1,2,4,8,12,16 and 24 hours holding time.  
 In Figure 4a) alloy C1, which has low content of Mn and Si is presented. The hardness is 
quite low for all holding times and temperatures. For 375°C the hardness has a peak at 12 hours 
holding time. For 450°C the hardness is highest right after reaching 450°C, and then decreasing. 
The coarsening of dispersoids is most probably the reason for this trend. This is also observed by 
TEM. 
 Hardness measurements from alloy C2 is presented in Figure 4b). The Si content is still 
relatively low in this alloy, but the Mn content is higher than for C1. The same decrease in 
hardness with holding time for the 450°C conditions due to particle coarsening and growth as in 
C1 can be seen. Compared to Sample C1 an overall increase in hardness at approximately 10 VH 
(kg/mm
2
) is found. This shows how the Mn is essential for the precipitation of dispersoids and 
how an increase of the dispersoids density has a pronounced hardening effect. Also here the 
coarsening of dispersoids is apparent for 450°C when increasing the holding time, where the 
same drop in hardness can be seen. 
 Figure 4c) shows alloy D1, with a high Si and low Mn content. The hardness 
measurement values are in between the values of C1 and C2.  The increase in Si content 
compared to sample C1 in Figure 4a) gives an increase in hardness because of increased 
decomposition of Mn in supersaturated solid solution due to the higher level of Si. However, as 
the level of Manganese is low, not too much Mn is available for the precipitation of dispersoids.  
 Figure 4 d) shows sample D2. An overall increase in hardness is observed compared to 
alloy C1, C2 and D1. Also here annealing temperature 450°C leads to decreased hardness with 
increasing holding time. In this alloy both the levels of Si and Mn are high. As can be seen from 
the hardness measurements this gives the highly favourable decomposition of Mn in 
supersaturated solid solution, then much Mn will be present for precipitation of α-dispersoids. 
 The overall same trends in hardness can be seen in all four alloys. For 450°C annealing 
temperature the hardness drops with holding time for all four alloys.The highest measured 
hardness values are at 12 hours holding time for 375°C annealing temperature or 450°C at 0 
hours holding time. The pronounced hardness effect for these alloys is quite sensitive to 
annealing time and temperature as the equivalent diameter and the number density of dispersoids 
will change. For the 4 alloys the equivalent diameter at the 375°C, 12 hour condition was found 
to be in the range between 32 and 44 nm. The balance between a high number density of 
dispersoids and as much as possible of the alloying elements out of solid solution and into 
 dispersoids are then two important factors to optimize right size and number density. To optimize 
the hardness the right balance between alloying elements, holding time and annealing 
temperature is therefore essential.  Addition of a relatively small amount of Si and Mn to these 
alloys increases the hardness significantly.   
 
 
  
  
 
Figure 9. Vickers hardness measurements for the four alloys  presented in Table 1, each with 
homogenization temperature of  375°C and 450°C with  0, 1, 2, 4, 8, 12, 16 and 24h holding time 
a) Alloy C1. b) Alloy C2 c) Alloy D1. d) Alloy D2.  A pronounced increase in hardness is 
present for all four alloys at annealing temperature of 375°C, 12 hours annealing time. For 
annealing temperature of 450°C, the hardness decreases with annealing time. 
 
a) 
c) d) 
b) C1 C2 
D1 D2 
  As for all Vickers hardness measurements some scatter in the data due to experimental 
uncertainties is present. The size of the error bars in the plots in Figure 9 illustrates this. 
However, the general trends for the measurements are not too affected by this.  
 As described by Li et al. [16] the dispersoids are partially coherent with the Al matrix and 
will introduce strain in their surrounding matrix. This may hinder the growth of the dispersoids at 
low temperatures. The energy increase by increasing the strain in the matrix may be higher than 
the decrease in energy caused by growth of dispersoids due to depletion of solid solution level of 
Mn for both C1 and D1 which have a low Mn content. When increasing the Si level as in alloy 
C2 and D2, the decomposition of Mn increases and the availability of Mn and the nucleation and 
growth barrier for the dispersoids become relatively lower. The increasing strain energy caused 
by growth of particles will most likely also for these alloys, contribute to a relatively slow growth 
of the dispersoids. Also the low diffusivity of Mn and Fe in Al will probably contribute to the 
slow growth rate. 
 From the hardness measurements performed in this study it is clear that a finely dispersed 
morphology of small dispersoids has a pronounced hardening effect under low temperature 
annealing treatment. The effect increases with high Mn and Si content. The dispersion hardening 
effect from partially coherent dispersoids can be described by the Orowan bowing mechanism for 
bypassing particles. The Orowan mechanism says that a stress in required for a dislocation to 
pass an obstacle. The so called Orowan stress is inversely proportional to the particle separation 
[24].  
 
3.3.2 Yield strength 
 Figure 8 shows the yield stress after tensile testing of the four alloys at 0 and 24 hours 
holding time for annealing temperatures of 375°C and 450°C.  The yield strength is calculated 
from the intersection point between the yield stress measurements and a line parallel to the elastic 
deformation limit from a starting point of 0.02% strain. Alloy D2 has the highest yield strength 
for all conditions, while C1 has the lowest. D1 and C2 have intermediate values of yield strength. 
 In addition to the Al matrix Al , there are two contributions to the total yield strength 
Tot ;  the solid solution level of Mn ( )Mn SS , and a contribution from the dispersoids D . The 
total yield strength is therefore given by  
 
1 ( )Tot AL D Mn SSK                (5) 
 
The contribution from Mn in solid solution can be calculated by the experimentally determined 
formula: 
0.59
1 ( ) 48.9 ( ( )( %)) ( )
%
Mn SS
MPa
K Mn SS at
at
          (6) 
 
Where ( )( %)Mn SS at is the change in solid solution level of Mn in at%.  
In Equation 5 the  increase in yield strength from dispersoids Disp  due to the Orowan bowing 
mechanism can be calculated from the Ashby-Orowan equation [25] 
 
   
  
 
Figure 10. Tensile tests of alloy C1, C2, D1 and D2, for different holding times and 
temperatures: a) 375°C, 0 hours holding time, b) 375°C, 24 hour holding time. c) 450°C, 0 hour 
holding time. d) 450°C, 24 hour holding time. All experiments were done twice.  
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M is the Taylor factor, G the shear modulus of Al matrix, b Burgers vector of dislocations in 
Aluminium and ν Poison ratio. The interspacing of particles, λ, depends on the radius r and 
volume fraction f of dispersoids: 
 
a) 
c) d) 
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 A large volume fraction and a small particle radius will give a small inter particle spacing 
λ, which is favourable for increasing the yield strength.  
 Table 2 lists the change in the measured yield strength for annealing from 0 to 24 hours at 
375°C and 450°C annealing temperature. The contributions to the change in yield strength from 
dispersoids and solid solution level of Mn are listed.  
 
Table 2. Yield strength change from 0 to 24 hours annealing time for annealing temperatures of 
375°C and 450°C.  The contributions to yield strength from dispersoids and solid solution level 
of Mn are listed.  
Alloy, T (°C) 
Disp (MPa) 1 ( )Mn SSK  (MPa) Measured yield 
strength (MPa) 
C1, 375 8 -1 1 
C1, 450 17 -8 19 
C2, 375 22 -12 13 
C2, 450 14 -8 6 
D1, 375 25 -11 11 
D1, 450 -4 -6 -24 
D2, 375 30 -17 20 
D2, 450 1 -7 -22 
 
 Column two in Table 2 presents the contributions to changes in yield strength from 
dispersoids for 0 to 24 hours annealing time. The volume fraction used in Equation 8 is the 
average of the volume fraction calculated from the TEM and the electrical conductivity 
measurements. The contributions to the yield strength from the dispersoids are positive for all 
four alloys at 375°C annealing temperature, while for 450°C there is a negative contribution for 
D1 and almost no contribution for D2. The  large increase in inter particle spacing due to 
coarsening and growth will, according to Equation 10 give a decrease in yield strength as the 
dislocations more easily will pass through the material due to lowering of Orowan stress. 
 The contributions to the yield strength from solid solution of Mn calculated by Equation 6 
are given in column three in Table 2. 1 ( )Mn SSK   is negative for all alloys. More and more Mn 
will leave the supersaturated solid solution.   
  Column four in Table 2 lists the measured yield strength changes from 0 to 24 
hours annealing time at 375°C and 450°C. An increase with annealing time is found for all alloys 
except D1 and D2 at 450°C. D1 and D2 are the alloys with the high Si content. The solid solution 
 level of Mn in these alloys will decrease faster with annealing time. Combined with the negative 
or low contribution form the dispersoids hardening for D1 and D2 at 450°C explains the decrease 
in measured yield strength. If the only contribution to the yield strength had been the solid 
solution hardening, a decrease of yield strength should bee seen for all the alloys. The increase in 
Yield strength is therefore clearly caused by the dispersoids. 
   
4. Conclusions  
 
 Low temperature annealing behaviour of four 3xxx alloys with varying manganese and 
silicon level has been studied experimentally by x-ray powder diffraction, TEM, hardness 
measurements, tensile and electrical conductivity measurements.  
 The type of constituent particles varies with Mn and Si content.  An orthorhombic 
Al6(Fe,Mn) phase was identified in alloy C2 (high Mn, low Si levels).  In D2 (high Mn, high Si 
levels) the α-Al(Fe,Mn)Si phase was identified.  α-Al(Fe,Mn) dispersoids were identified in both 
alloys. The lattice parameter change in the α-Al(Fe,Mn)Si  dispersoids is due to different ratios 
of Mn and Fe in the different alloys.  
 The electrical conductivity increases for increasing holding time and annealing 
temperatures as the solid solution level decreases. Volume fractions from electrical conductivity 
measurements have been calculated.   
 The morphology change of the dispersoids due to change in annealing time and 
temperature has been studied. The number density, equivalent diameter and volume fraction has 
been calculated. These parameters have been related to hardness studies of the four alloys. A 
combination of right annealing temperature and holding time is essential to get the desired 
hardness. A pronounced increase in hardness has been observed in alloy with high level of Mn 
and Si. The coarsening and growth of dispersoids at the highest annealing temperature (450°C) 
leads to a decrease in hardness. The Orowan bowing mechanism for bypassing of dislocations 
explains why a dense distribution of partially coherent dispersoids with relatively small diameter 
gives a large hardness increase. Yield strength measurements of the four alloys also show a 
significant contribution to the yield strength from the dispersoids.  
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